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Phase-field simulation of the solidified
microstructure in a new commercial
6··· aluminum alloy ingot supported
by experimental measurements

This work attempts to quantitatively describe the micro-
structural evolution in a new commercial 6··· aluminum
alloy developed in an industrial laboratory (Al-0.87Si-
0.81Mg-0.51Zn-0.46Cu-0.19Fe-0.09Mn, in wt.%), during
solidification by using the phase-field simulation supported
by experimental measurements. Coupling to the CALPHAD
thermodynamic and atomic mobility databases is attained
for providing energy and diffusivity information during the
phase-field simulation. Two different resolutions are used in
order to resolve the primary a-(Al) dendrite and the faceted
b-AlFeSi eutectic phase in the phase-field simulations. The
phase-field simulated microstructure morphology is verified
by experimental results. Moreover, the microsegregation
and back-diffusion phenomena in the primary a-(Al) den-
drite are also analyzed.
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1. Introduction

Aluminum alloys have been widely applied in automotive,
construction, aerospace, and other fields due to their excel-
lent performance [1, 2]. 6··· Al–Mg–Si–Cu-based alumi-
num wrought alloys inherently possess ideal formability,

corrosion stability, weldability, high fatigue strength, as
well as medium static strength and are thus the preferred
choice for automobile body panels [3, 4]. As one of the typ-
ical representatives, AA6016 aluminum alloy has been used
for the body panels of the Audi A8 aluminum car [5, 6].

Smelting and casting is the initial work stage during the
preparation of the aluminum alloys. The solidification be-
havior of the ingot has an inherent influence on its micro-
structural evolution during the subsequent heat treatments
and on its final performance [7–9]. Therefore, in order to
assist the design of novel aluminum alloys, a fundamental
understanding of the microstructure of the target during so-
lidification, such as the morphology and distribution of pri-
mary dendrite and intermetallic compounds, the segrega-
tion of solute elements, and the secondary dendrite arm
spacing (SDAS), etc., is essential. Due to the unavoidable
addition of Fe in an industrial smelting process, b-AlFeSi
usually forms and represents a typical harmful phase in alu-
minum alloys [10–12]. In order to impede the effect of b-
AlFeSi on aluminum alloys, its related microstructure
description is a prerequisite.

The experimental investigation of the solidified micro-
structure is straightforward and is commonly the first
choice for material analysis. However, conducting a pure
experiment is time-consuming and it is difficult to repro-
duce the entire transformation process for commercial alu-
minum alloys, which are usually comprised of multiple
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components and multiple phases. In order to gain an insight
into the complex microstructural evolution in target alloys
during solidification, an advanced computational technique
is an appropriate fundamental tool.

The phase-field method that was developed over the past
twenty years has been widely applied to describe the micro-
structural evolution in different alloys during solidification
[13–18]. The simulation of the microstructural evolution
in multi-component, multi-phase alloys during solidifica-
tion has become more feasible with the development of the
multi-phase-field (MPF) model by Steinbach and his co-
workers [17, 19, 20]. Based on the MPF model, the com-
mercial phase-field simulation software package MICRESS
(MICRostructure Evolution Simulation Software) [21] was
developed. Moreover, its linking to the CALPHAD (CAL-
culation of PHAse Diagram) thermodynamic and kinetic
databases has become feasible through the TQ interface
[22, 23]. The thermodynamic database provides energy-re-
lated information such as chemical/diffusion potentials,
driving force, and so on, while the kinetic database provides
accurate diffusivity information. In addition to the input of
accurate thermodynamic and thermophysical parameters,
an experimental validation is also an indispensable element
for quantitative phase-field simulation [24].

To date, some reports [25–29] on the phase-field simula-
tion of the microstructural evolution in commercial alumi-
num alloys during solidification by using MICRESS have
been published. However, it is still very difficult to accu-
rately resolve the dendritic primary phase and the eutectic
structure simultaneously using a uniform resolution as a
single open problem in the current phase-field simulation
of the solidified microstructure. Much computational cost
is required and the computational efficiency will be low if
a high resolution is applied in view of the very small eutec-
tic structure. In contrast, the subtle morphology of some
eutectic phases, e. g. b-AlFeSi, cannot be described ade-
quately if a low resolution is applied in view of computa-
tional efficiency/cost.

Consequently, this study aims to perform a phase-field
simulation of the microstructural evolution in the new
6··· commercial aluminum alloy ingot developed at the
Chinalco Research Institute of Science and Technology
Co., Ltd. during solidification by using MICRESS sup-
ported by key experimental measurements. The integration
with reliable thermodynamic and atomic mobility databases
is conducted for providing accurate energy and diffusivity
information during the phase-field simulation. We focus
on the growth process of the primary a-(Al) dendrite and
faceted b-AlFeSi eutectic phase in this 6··· alloy ingot
during solidification. Separate phase-field simulations with
two magnitudes of resolution are performed to resolve the
primary dendrite and b-AlFeSi phase in the solidified mi-
crostructure. Moreover, based on the phase-field simulated
results, the microsegregation and back-diffusion phenom-
ena in the primary a-(Al) dendrite are also analyzed.

2. Experimental procedure

The new 6··· alloy ingot was melted in a graphite crucible
in an electrical resistance furnace. The nominal composi-
tion of this 6··· alloy is Al-0.87Si-0.81Mg-0.51Zn-0.46 ·
Cu-0.19Fe-0.09Mn (in wt.%), which is close to AA6016.
A pure aluminum ingot and Al–X (X = Si, Mg, Cu, Zn) mas-

ter alloy ingots of industrial purity 99.9% were chosen as
the raw material. Subjected to two cycles of slagging and
degassing, the liquid melt was poured into a crystallizer
to obtain the ingot. The size of the ingot was 350 mm ·

230 mm · 60 mm.
Afterwards, the cubic specimens with the size of

10 mm · 10 mm · 10 mm were cut off from the center of
the ingot at which the cooling rate was 0.6 K s–1. After
grinding and polishing, the specimens were measured by a
scanning electron microscope (SEM) (FEI Helios Nano-
Lab) and a metallographic microscope (Leica D-35578
Wetzlar) after being corroded by Keller etchant (1.0 ml
HF, 1.0 ml HCL, 3.0 ml HNO3, 95 ml H2O) for 10 s.

3. Phase-field model and input of material parameters

3.1. Multi-phase-field model

For the solidification process, the total free energy func-
tional can be generally split into interfacial energy f intf and
chemical energy f chem [17, 20]:
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Based on the free energy functional shown in Eqs. (1–3),
the governing equations for the phase field and concentra-
tion can be derived based on the above free energy function
[20]:
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where uab is the physical mobility between phase a and b;
and Dgab is the local deviation from the thermodynamic
equilibrium. It should be noted that the chemical driving
force Dgab can be obtained by linking to the accurate CAL-
PHAD thermodynamic databases. Ma is the chemical mo-
bility in phase a and can be also directly obtained from the
CALPHAD atomic mobility databases.
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In order to achieve a low computation time, the interface
width is often chosen to be much larger than the physical in-
terface width in a realistic phase-field simulation. However,
when the numerical interface width is applied to simulate
the solidification process, it will suffer from an anomalous
chemical potential jump at the interface [30, 31] due to the
unequal thermal properties such as diffusivities and con-
ductivities. The anomalous jump is caused by the so-called
numerical solute trapping effect [32]. The first step to elim-
inate the numerical solute trapping effect is to introduce an
effective interface mobility instead of a physical interface
mobility in the phase-field equation [17], which was ap-
plied in this simulation. The second step is to introduce an
anti-trapping current term in the diffusion equation, which
was first achieved by Karma [33] and was later extended
by Kim [34], Gopinath et al. [35], Ohno and Matsuura
[36], Pan and Zhu [37], and also Carre et al. [38]. Very re-
cently, Boussinot and Brener [39] and Fang and Mi [40] de-
rived an anti-trapping phase-field model that was thermo-
dynamically consistent. Although the numerical solute
trapping effect can be nicely reduced with these models,
only phenomenological [33–38] or thermodynamically
consistent [39, 40] anti-trapping phase-field models can be
applied to binary and multicomponent two-phase cases
and are thus not applicable in the present multicomponent
multiphase case.

3.2. CALPHAD database coupling

As described above, the CALPHAD-type thermodynamic
and atomic mobility databases can provide the thermody-
namic and diffusivity information required for the phase-
field simulation of a multi-component multi-phase com-
mercial aluminum alloy. The crucial databases employed
in this work have been established by our research group.
The thermodynamic database of the Al alloys [41] includes
34 elements and thermodynamic descriptions of up to
445 phases, including liquid phases, all the solid solution
phases, and intermetallic compounds. The atomic mobility
database [42, 43] contains 34 elements and the mobility de-
scriptions of the liquid and solid solution phases.

According to the thermodynamic database of the Al alloy
[41], in the Al-rich Al–Si–Mg–Zn–Cu–Fe–Mn system, the
liquid and a-(Al) are treated as solution phases, Al2Cu (h),
Mg2Si, and Al16FeMn3 are compounds described by the
sublattice model, while (Si), a-AlFeSi (a), and the b-AlFeSi
(b) phases are stoichiometric phases. The constitutions Al8-
Fe2Si and Al9Fe2Si2 are chosen for the a-AlFeSi and b-Al-
FeSi phases in the thermodynamic database [41] and are
thus utilized in the present phase-field simulation.

3.3. Material parameters and initial settings

We assumed the growth of all phases to be diffusion-con-
trolled. The interfacial mobility was generally formulated
in the thin-interface limit as illustrated by Steinbach [17].
The mean value of the interfacial energy of the liquid and
a-(Al) was 0.16 J m–2 based on the study by Gunduz and
Hunt [44]. The interfacial energies for liquid/b-AlFeSi and
a-(Al)/b-AlFeSi were estimated to be 0.2 J m–2 and
0.5 J m–2, respectively.

The boundary conditions for the phase field and concen-
tration were set to be periodic. Moreover, the cooling rate

was set to be consistent with the experimental condition,
i. e., 0.6 K s–1. The initial temperature was 918 K with an
undercooling of 5 K. The anisotropic coefficient for a-(Al)
was set to 0.1 and the b-AlFeSi particle was set as a (001)
faceted morphology.

4. Results and discussion

Figure 1 shows a backscattered electron image (BSE) of the
solidified microstructure of this new 6··· aluminum alloy
ingot. The gray area is primary a-(Al). The white area is eu-
tectic mixture that contains Fe or Cu. As can be seen, the
eutectic mixture mainly distributes along the elongated
grain boundary and locates in the a-(Al) grain, appearing
as a nearly round structure. Among the eutectic phases, the
black area is Mg2Si, while the platelet white structure lo-
cated along the boundaries is the b-AlFeSi phase.

The solidification sequence of the alloy was first pre-
dicted by the Scheil–Gulliver solidification model based
on the thermodynamic database [41] and the result is shown
in Fig. 2. As can be seen, the predicted solidification se-
quence is:

L ! a� ðAlÞ ð6Þ

L ! a� ðAlÞ þ a� AlFeSi ð7Þ

L ! a� ðAlÞ þ a� AlFeSiþ b� AlFeSi ð8Þ

L ! a� ðAlÞ þ a� AlFeSiþ b� AlFeSiþMg2Si ð9Þ

L ! a� ðAlÞ þ a� AlFeSiþ b� AlFeSi

þ Mg2Siþ ðSiÞ þ Al16FeMn3 ð10Þ

L ! a� ðAlÞ þ a� AlFeSiþ b� AlFeSi

þ Mg2Siþ ðSiÞ þ Al16FeMn3 þ Al2Cu ð11Þ
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Fig. 1. Cast microstructure (BSE image) of the 6··· alloy ingot.



Based on the Scheil–Gulliver simulation, it is found that b-
AlFeSi, a-AlFeSi, (Si), and the Mg2Si phases are involved
in the respective binary, ternary, quaternary, and quinary
eutectic structures. It should be noted that the solidified mi-
crostructure in the alloy predicted from the Scheil–Gulliver
simulation is consistent with the experimental observation,
further confirming the reliability of the present thermody-
namic database.

As described in Section 1, it is very difficult to explain
the details of the primary and the eutectic phases with the
same resolution in one phase-field simulation. Thus, two
separate phase-field simulations were performed, one for
the solidification of the primary a-(Al) and the other for
the growth process of the b-AlFeSi phase in the eutectic
structure.

Figure 3a–h presents the two-dimensional (2-D) phase-
field simulation results of the growth and coarsening pro-
cess of the primary a-(Al) dendrite of the alloy during soli-
dification. For consistency with the experimental micro-
structure, a simulation domain with a size of 350 lm ·

350 lm was chosen for the phase-field simulation of the
primary a-(Al) dendritic growth. In order to increase the
computational efficiency, a grid spacing of 1 lm was fixed.
Figure 3i is a metallographical image of the 6··· alloy in-

got after etching by Keller’s reagent, which was included
here for a direct comparison with the phase-field simulated
results. As can be seen in Fig. 3, the growth and coarsening
process of the primary a-(Al) dendrite is well reproduced
by the phase-field simulation at the mesoscale. Typical sec-
ondary dendrites form at the initial stage of solidification
under the action of combined anisotropy and become ob-
tuse during the coarsening process. This results in a clear
nearly round structure forming in the grain as shown in
Fig. 3 and verified in Fig. 1. By combining with the solute
distribution information in Fig. 4, the eutectic reaction
should happen first in these isolated round structures be-
cause the exchange of the solute in the liquid is impeded.

According to the phase-field simulations, the solidifica-
tion rate curve, i. e., the mass fraction of the solidified solids
fs versus the temperature can also be plotted and superim-
posed in Fig. 2. As is evident in the figure, the phase-field
simulated solidification rate curve is lower than the curves
predicted from the equilibrium calculation and the Scheil–
Gulliver simulation at the beginning of the solidification
because the undercooling is considered only in the phase-
field simulation. Moreover, as the solidification continues,
the phase-field simulated solidification rate curve is located
between the curve of the equilibrium calculation and the

M. Wei et al.: Phase-field simulation of the solidified microstructure in a new commercial 6··· aluminum alloy

94 Int. J. Mater. Res. (formerly Z. Metallkd.) 109 (2018) 2

Fig. 2. Solidification sequence of the 6··· alloy in the Scheil model and the changes in solid fraction versus temperature in the equilibrium solidi-
fication, the Scheil solidification, and the phase-field simulation. a, b, and h denote the a-AlFeSi, b-AlFeSi, and Al2Cu phases, respectively.



curve based on the Scheil–Gulliver simulation. This occurs
due to the different assumptions for the diffusion in liquids
and solids for different models. For the equilibrium calcula-
tion, the diffusion is assumed to be infinite in both the liquid
and the solid phases. For the Scheil simulation, the diffu-
sion in the liquid is infinite while no diffusion is taken into
account for the solid phases. In the phase-field simulation,
the diffusion is finite in both the liquid and the (Al) phases
and their diffusivities are based on the reliable atomic mo-
bility databases [42, 43].

Figure 4 shows the heterogeneous distribution of Si and
Fe in the primary a-(Al) dendrite and the residual liquid.
As can be seen in Fig. 4, there is a clear gradient of Si and

Fe in the a-(Al) dendrite, i. e., the concentration is much lar-
ger near the solid–liquid interface than at the center of the
dendrite. Furthermore, we can find that Fe has a small solu-
bility in a-(Al) and thus Fe gathers in the liquid, resulting in
the formation of a series of Fe-compounds along the grain
boundaries of a-(Al).

Figure 5 shows the back-diffusion phenomenon in the a-
(Al) dendrite, which may influence its microsegregation,
and then even the solidification sequence, forming micro-
structure and mechanical properties of the target alloy. The
dotted lines demonstrate the change in the solute concentra-
tions of Cu and Zn at the dendrite tip as the temperature de-
creases, while the solid lines show the change in the solute
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Fig. 3. Phase-field simulation of the dendritic growth and coarsening process of the a-(Al) dendrite and a comparison with the experimental result.
(a) 918 K, (b) 916.2 K, (c) 914.4 K, (d) 913.2 K, (e) 911.4 K, (f) 908.4 K, (g) 902.4 K, (h) 870 K, (i) experimental result. The red point A in (b) de-
notes the position of a nucleus.
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Fig. 4. Distribution of Si and Fe in the primary a-(Al) dendrite and residual liquid.

Fig. 5. Changes in Cu and Zn concentration
at point A versus temperature due to back dif-
fusion.



concentrations of Cu and Zn at point A marked in Fig. 3b
(i. e., the position of an initial nucleus). As can be seen, the
solute concentrations at the dendrite tip increase consis-
tently prior to the eutectic reaction because of the solute
enrichment in the liquid; their increase in speed has an ob-
vious relationship with the dendritic growth rate. Generally,
the concentration of Cu and Zn at point A keeps increasing
during the solidification but the increase is more pro-
nounced for Zn than for Cu due to the larger diffusion coef-
ficient of Zn in the a-(Al) matrix.

The initial state for the phase-field simulation of b-AlFe-
Si is shown in Fig. 6a. The simulation domain has a size of
7 lm · 20 lm with a grid spacing of 0.05 lm. It starts from
the primary a-(Al) phase and the remainder liquid based on
the phase-field simulation results with lower resolution
(i. e., 350 lm · 350 lm with a grid spacing of 1 lm) at the
last step (i. e., at 870 K). The initial concentrations of the
liquid and (Al) are set to be the same as those of the corre-
sponding phases near the interface in the simulation with
the lower resolution and are treated as constants for simpli-
fication for the subsequent simulation with higher resolu-
tion. Moreover, the fractions of the (Al) and liquid phases
at the initial state of the phase-field simulation with higher
resolution are identical to those with the lower resolution.
The values of the other parameters, including temperature,
thermodynamics, diffusivities, interface energy, and inter-
face mobility are identical to those of the phase-field simu-
lation with the lower resolution. In additional, a nucleus of
the b-AlFeSi phase (white) with a radius of 1 lm is pre-set
in the residual liquid (red) between the two primary a-(Al)
grains. The b-AlFeSi phase is treated as a stoichiometric
phase and the crystal structure of the b-AlFeSi phase is clin-
orhomboidal [11, 45].

Based on these input, the growth process of the b-AlFeSi
phase is reproduced by using the phase-field simulation, as

displayed in Fig. 6a–d. In the simulation, b-AlFeSi repre-
sents a (001) faceted morphology, which is coincident with
the experimental structure shown in Fig. 6f. The average
transverse growth velocity of the b-AlFeSi particles is
0.11 lm s–1, which is located exactly in the experimentally
observed range of 0.08 lm s–1–20 lm s–1 [46]. Moreover,
in this phase-field simulation, we observed a slight increase
in the thickness of the b-AlFeSi plate during the transverse
growth process. A similar phenomenon was also observed
in the in-situ experiment by Terzi et al. [47].

5. Conclusions

A phase-field simulation supported by experimental mea-
surements was employed to investigate the microstructural
evolution in a new commercial 6··· aluminum alloy
during solidification. The integration with the CALPHAD
thermodynamics and atomic mobility databases is attained
to provide energy and diffusivity information during the
phase-field simulation. Two different resolutions are used
to resolve the primary a-(Al) dendrite and the faceted b-
AlFeSi eutectic phase in the phase-field simulations. The
phase-field simulated microstructure morphology is veri-
fied by experimental results. Moreover, the mechanisms of
the characteristic patterns and microstructure formation
are demonstrated with the aid of the phase-field simulation.
Additionally, the microsegregation and back-diffusion phe-
nomena in the primary a-(Al) dendrite are also analyzed.

The present work demonstrates that the separate phase-
field simulations with different resolutions serve as one
possibility for continuum description of microstructural
evolution in multi-component multi-phase alloys over the
entire solidification process, from which the optimal alloy
composition may then be designed.
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Fig. 6. Phase-field simulation of the faceted growth process of the b-AlFeSi phase. (a) T = 865 K, (b) T = 863 K, (c) T = 855 K, (d) T = 833 K, (e)
experimental result.
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