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Nanocrystalline material with grain sizes
smaller than 100 nm [1-3] exhibits excel-
lent mechanical as well as physical proper-

Nanocrystalline nickel-iron layers are produced electrochemically on
copper discs by varying the current density and then annealed in a
vacuum furnace at a temperature range between 200 and 800 °C. Grain
size, iron content, texture and microstrain of the microstructure are
primarily characterized by X-ray diffraction (XRD). Instrumented inden-
tation tests and microbending tests for mechanical characterization are
carried out. The iron contents of the investigated layers are 5.7, 8.8, 13.5
and 17.7 wt.-%. By varying the annealing temperature, the reduction of
the microstrains is initiated at 200 °C and ends at a temperature of
about 280 °C. Primary recrystallization starts slightly higher at 220 °C
and is completed at 300 °C. With higher iron content, the indicated tem-
peratures shift to slightly higher values. Indentation modulus, Young’s
modulus, indentation hardness and strength change considerably after
the annealing treatment. Fracture strain at the edge, as a measure of
ductility, decreases immediately after annealing at 200 °C to 0 %. Low
annealing temperatures occurring before the beginning of primary
recrystallization lead to an increase in indentation hardness and

0.01-% offset bending yield strength R, 5, * as compared to the electro-
chemically deposited initial state. After annealing at high temperatures,
the mechanical parameters are mostly below the initial values for
electrochemical deposition. Hall-Petch (HP) behavior is observed for
Ry001%, both for the electrochemically deposited specimens down to
almost 6 nm and for the specimens annealed at high temperatures.
Specimens annealed at low temperatures deviate from the HP straight
line to higher values. In this case, an increase in strength is assumed to
be due to the very small nanocrystalline (nc) grain sizes, segregation at
the grain boundaries and a decrease in dislocation density. Indentation
hardness measurements show almost no dependence on D05 for the
electrochemically deposited specimens and also for annealed specimens
below 30 nm grain size. Above 30 nm, the indentation hardness values
are considerably higher than for the HP straight line. Overall, the hard-
ness and strength values of the nc specimens, electrochemically depos-
ited or additionally annealed, are significantly higher than those of the
microcrystalline (mc) specimens.

ties. Extremely high strength and hardness
values can be realized which considerably
exceed those of conventional coarser-

grained materials [2-8]. The hardness and
strength values are 2 to 10 times higher
than for conventional microcrystalline ma-

62 (2020) 3 © Carl Hanser Verlag, Miinchen Materials Testing

225



226

MECHANICAL TESTING

terials with grain sizes in the pm range
(grain size D > 1 um). Often, however, only
low ductility and very poor thermodynamic
stability appear for nc materials.

The preparation of nc material is carried
out using so-called “bottom up” or “top down”
processes [2-4]. “Top down” processes con-
vert conventional crystalline microstructures
(grain sizes D > 1 um) into ultrafine crystal-
line (ufg, 100 nm <D <1000 nm) or na-
nocrystalline (D <100 nm) microstruc-
tures by severe plastic deformation (SPD).
The “bottom up” processes include electro-
chemical deposition and physical vapor
deposition. Deposition technology offers
the possibility of producing only thin lay-
ers as well as complex micro-components.
LIGA technology (lithography, electroplat-
ing and molding) or the direct LIGA pro-
cess can be used to produce high-precision
micro-components with a high aspect ratio
(component height to width), e. g. microge-
ars for micro-electromechanical systems
(MEMS) [9]. Microgears have excellent me-
chanical properties due to their nc micro-
structure [10].

Electrochemical metal deposition offers
many influencing parameters to modify the
microstructure and thus the material prop-
erties. These include a bath composition
(metal salt type, pH value, concentration of
metal ions, additives), bath process param-
eters (e.g. temperature, electrolyte mo-
tion), and current parameters (e. g. current
density, current-time function) [3, 4, 11,
13]. Compared to electroplated films, LIGA
micro-components are deposited in pre-
patterned polymer structures influencing
the local current density and thus result in
differences in microstructure and local
properties of the material both for lateral
and vertical orientation [10, 11].

Due to their mechanical, soft magnetic
and chemical properties at room tempera-
ture, nickel or nickel alloys often belong to
the materials choosen for the production of
miniaturized structures for MEMS [11-15].
Defined microstructure parameters as
chemical composition, grain size, grain
structure, twin density, textures, residual
stress and micr-strains as well as specific
material properties can be designed and
provided by controlling the electrochemical
process parameters [3, 10, 16]. The iron con-
tent of nickel-iron alloys is, for example, ad-
justable with respect to current density and
the electrolyte composition [3, 10, 11, 16].

The grain size in layers of pure nickel
decreases from about 200 nm to 25 nm
when the current density increases from 1
to 10 A x dm? [12]. In the case of nickel-

iron alloys, the trend is reversed, where
increasing current density ranges for ex-
ample from 6 to 15 A x dm or from 0.2 to
10 A x dm2, with the grain size increasing
from 13 to 17 nm or from 6 to 17 nm [3, 10,
13]. Nickel-iron alloys also have smaller
grains than pure nickel at the same current
density. The cause for this is a higher nu-
cleation rate in nickel-iron than in nickel.
With increasing current density, however,
the iron content in the electrolyte and thus
the nucleation rate decreases and the grain
size increases. With pulse current deposi-
tion in contrast to direct current deposi-
tion, higher current densities and thus
smaller grains below 20 nm, without pores
and without textures can be provided due
to short pulse durations in the millisecond
range. Moreover, the use of additives re-
duces grain size during electrochemical
deposition [4, 17, 18]. The particle size dis-
tribution of electrochemical deposition is
relatively narrow.

Additives, such as sulphur-containing
bath additives (e. g. saccharin) are used as
brighteners in the deposition of nickel or
nickel-iron layers [10, 16, 19-21]. They also
avoid the formation of residual tensile
stress. Without additives, cracks in the lay-
ers are possible due to high tensile residual
stress [10, 19, 20]. However, the sulphur
compounds of the decomposition products
of the additives can also have an adverse
effect on ductility similar to impurities [10,
16, 19, 20].

During electrochemical deposition, tex-
tures are usually formed. For nickel layers
these are fiber textures in the directions
<100>, <110>, <210> and <211> [22]. By
adding saccharin, nickel and nickel-iron al-
loys form double <100>-, <111>-fiber tex-
tures [3, 10, 17, 18]. With an increase in
iron content, the <111>-texture increases
at the expense of the <100>-texture [23].

Microstrains or lattice strains as local in-
homogeneous strains are the result of local
defects such as dislocations, voids, twins or
foreign atoms. They are also influenced by
the process parameters. An increase in
iron content, for example, causes increas-
ing microstrains in electrochemically de-
posited nickel-iron layers [3, 10, 24]. In-
creasing current density leads to decreas-
ing microstrains in nickel-iron alloys and
to increasing microstrains in pure nickel
layers [3, 10, 18].

Compared to conventional mc micro-
structures, nanocrystals exhibit extremely
high yield strength, tensile strength and
micro-hardness. The relation between
grain size D and yield strength,

kﬁ
R. =0 +— (1)

eS 0 \/B

as well as the indentation hardness,
kH
HIT = HO + ﬁ (2)

are assigned as the Hall-Petch equation [2-
4,7,10, 15, 22-25]. 6, and Kk, as well as H,
and k;; are material-dependent constants.
Depending on the strain rate, deviating or
an inverse Hall-Petch behavior is often ob-
served in grain sizes smaller than 20 nm
[2, 7, 15, 25-27]. Consequently, strength
and hardness increase less with decreas-
ing grain size up to a local maximum and
decrease for even smaller grains due to the
softening effects of the material. Our own
investigations show the Hall-Petch behav-
ior for grain size down to about 6 nm, but
only for yield strength and not for indenta-
tion hardness and also not for bending
strength [3, 10]. A variation in the strain
rate, between 0.1 and 0.000001 s!, had
only a small effect in these investigations.

Further factors influencing the strength
of nc material are solid solution atoms, dis-
locations, precipitates and textures. The
Hall-Petch straight line is shifted, for exam-
ple, to higher values compared to pure
nickel [15, 24]. In another work, the slope
k of the Hall-Petch straight line depending
on the texture is examined more closely
with respect to grain size distribution [22].

The deformation behavior of nc metals is
explained by two competing physical mech-
anisms related to grain size [22, 28]. Dislo-
cation slippage predominates in nanocrys-
tals with larger grain diameters, and defor-
mation takes place as common for
conventional materials. Grain boundaries
are an obstacle for dislocation slippage and
have a strengthening effect due to disloca-
tion accumulation. The Hall-Petch relation-
ship applies in this case. In very small na-
nocrystals, for a critical grain size below 20
or 10 or down to 6 nm for pure nickel [3,
15, 24, 29], there is no possibillity for slid-
ing dislocations. Frank Read sources for
generating dislocations within the grains
require too high stress. Then grain bound-
ary deformation mechanisms such as the
initiation of dislocations at the grain
boundaries, grain boundary slip or Coble
creep increasingly dominate deformation
behavior [15, 28, 30]. [t might be noted that
the transition of the deformation mecha-
nisms considered from dislocation sliding
to grain boundary sliding depends on the
strain rate.
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Low elongation to fracture in nc metals,
which is often less than 2 %, is considered
to be caused by artifacts in the manufactur-
ing process [2, 5, 8]. Artefacts are impuri-
ties, pores, faulty bonds and larger micro-
strains. Artifact-free nickel and Ni-15 % Fe,
electrochemically deposited without the
use of additives, exhibit excellent strength
values at a certain ductility of up to 10%
[31]. Nickel with a grain size of 44 nm and
Ni-15% Fe with a grain size of 9 nm are
relatively ductile with 9.5 % and 6 % elonga-
tion at fracture, but differ in their plastic
deformation and type of fracture depend-
ing on grain size. The larger nanocrystals
of nickel above the critical grain size are
deformed like conventional metals by dislo-
cation sliding with the constriction of the
specimen. Below critical grain size, grain
boundary sliding is observed in very small
nanocrystals from Ni-15 % Fe, with failure
from grain boundary cracks without a sig-
nificant reduction in area [5, 31]. Super-
plastic deformation and creep behavior at
room temperature of electrochemically de-
posited nc pure copper with a grain size of
about 30 nm is also explained by grain
boundary deformation mechanisms [8]. An
evaluation of the ductility of nanocrystal-
line metals shows that despite a low elon-
gation at fracture, a local reduction in area
as well as pitting and also ductile deforma-
tion behavior can occur [30].

Due to extremely small grain size and
the resulting high grain boundary volume,
the thermal stability of the microstructure
of nanocrystalline materials is considera-
bly lower than that of conventional materi-
als [7, 15, 23, 32]. For example, the grain
boundary volume of a grain size of 5 nm is
in the order of 50 % [28, 32]. At relatively
low annealing temperatures, high grain
boundary energy causes a reduction in mi-
cro-strain and grain growth at slightly
higher temperatures. Nucleation and ab-
normal grain growth are determined by dif-
ferential thermal analysis (DTA) or trans-
mission electron microscopy (TEM) for
pure nc nickel with a grain size from 10 to
20 nm at 80 °C and 120 °C, respectively
[32]. Abnormal/bimodal grain growth
means the growth of a few grains in the
surrounding nanocrystalline structure.
Nickel-iron alloys exhibit improved ther-
mal stability and higher grain growth tem-
peratures than pure nickel [7, 15]. Ni-
15 wt-.% Fe, deposited electrochemically
without saccharin, with average grain
sizes of 12 nm or 17 nm, measured by X-
ray diffraction (XRD) or TEM, shows a
slight increase in grain size to 14 nm
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(XRD) or 62 nm (TEM) only after annealing
at 250°C, 1h [7]. Considerable grain
growth is achieved by annealing at 400 °C,
1h or 500°C, 1h to 152 nm or 559 nm
(TEM). Ni-50 wt-% Fe manifests better
thermal stability than Ni-21 wt.-% Fe [23,
33]. The lower thermal stability of Ni-
21 wt-% Fe is caused by lower iron content
and the smaller initial grain size as well as
a lower contamination through sulphur
(without additives) [23].

After electrochemical deposition at vari-
ous current densities and a variation of
saccharin content, varied grain sizes of 10
to 98 nm in nanocrystalline nickel speci-
mens can be realized [34]. Due to the use of
saccharin additive, nickel with a grain size
of 10 nm shows an abnormal grain growth
from 317 °C and strongly decreasing ther-
mal stability. Stress relaxation for this
grain size is determined from 60 °C on-
wards. Larger nickel grains (grain sizes 28
to 98 nm) require a considerably higher
temperature of 600 °C to grow. The reason
for the relatively high grain growth tem-
peratures of nc nickel is presumably the
saccharin content, the temperature-time
profile without interruptions during the
heating process (heating rate: 10 °C x min'!
from 50 to 700 °C) in the DTA as well as
the larger grains.

Textures and their effects on the thermal
stability of nickel/nickel-iron alloys have
been considered comparatively little so far
[35]. Electrochemically deposited Ni-
21 wt.-% Fe with double <100>-, <111>-fiber
texture and a dominant <111>-portion
shows a decreasing orientation of the crys-
tals with an increasing annealing tempera-
ture from 100 to 500 °C [23]. These results
are in accordance with electrochemically
deposited Ni-50 % Fe where after annealing
at 400 °C a declining texture is observed
[33]. In contrast to this finding, for Ni-
45 wt.-% Fe with <111>-oriented grains the
texture increases by annealing at 400 and
500 °C [36]. These contradictory results
can be explained through differences in
impurities, grain size and texture after
electrochemical deposition [23]. During
the pulsed laser deposition of nickel, in-
creasing substrate temperature leads from
randomly distributed grains to pronounced
<100>-oriented grains [35]. <100>-oriented
grains increase the thermal stability of the
deposited material. The change in texture
as well as grain growth also depends on the
annealing time.

The microstrains or lattice strains (XRD
analyses) of electrochemically deposited nc
nickel or nickel-iron alloys are more or less
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reduced even at very low annealing tem-
peratures [7, 23, 37]. At these tempera-
tures, however, no grain growth and no
change in grain structure occurs. Nickel
reduces its microstrain at 100 °C, 1 h from
0.313 to 0.211% [37]. For Ni-21 wt.-% Fe,
however, only a slight decrease from 0.29
to 0.27% is observed after annealing at
100 °C, 90 min [23]. After annealing at a
higher temperature of 500 °C, microstrains
are reduced by 90%. Ni-15 wt-% Fe with
lower iron content results in a stronger de-
crease in the lattice strain from 0.208 % af-
ter electrochemical deposition to 0.106 % af-
ter annealing at 250 °C, 90 min. If this ma-
terial is annealed at a temperature of 400 °C,
the lattice strain drops down to 0% [7].

With the various measurement methods,
differences can occur in the results of the
characteristic conditions. XRD and TEM
analyses, for example, provide a mean
grain size with a relatively narrow grain
size distribution after the electrochemical
deposition of nickel or nickel-iron alloys of
approx. equal values, e.g. 13 and 11 nm
(XRD and TEM) [23] or 16 nm (XRD) and
19 nm (TEM) [33]. By contrast, after an-
nealing at 190 °C, 720 min there are differ-
ences in the mean values determined from
XRD and TEM, e.g. 32nm (XRD) and
37 nm (TEM) for the normal grain size and
190 nm (TEM) for the abnormal grain size
[33]. TEM can therefore be used to differen-
ciate normal and abnormal grain size dis-
tributions resulting in mean values which
are different from those obtained by XRD
measurements [7, 33, 38]. Using results
from TEM and atom probe tomography
(APT), DTA curves provide further informa-
tion regarding the temperature ranges of
recovery processes, deposition of dissolved
atoms to grain boundaries and precipita-
tioning of phases, normal and abnormal
grain growth, and activation energy for
grain growth of nc materials [39].

The mechanical behavior of nc nickel
specimens electrochemically deposited
with additives (e.g. saccharin) and an-
nealed can be classified into three ranges
[37]. Range [ is characterized by a low-tem-
perature annealing process up to 150 and
200 °C, respectively [37, 39]. As a result
from the recovery processes, there is an
increase in hardness and strength [37] as
well as a slight reduction in the elongation
at fracture compared with the electrochem-
ically deposited state without annealing.
Pitting features on the fracture surfaces
confirm a ductile fracture behavior. Nc al-
loys, such as pure nc metals deposited with
additives, exhibit a strength increase by
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annealing, but only at higher temperatures
[7, 15, 38]. The increase in strength is
caused by a decrease in dislocation density
and dislocation sources at the grain bound-
aries, the redistribution of very fine atomic
impurities from the inner part of the grains
to the boundaries (e.g. sulphur from sac-
charin) as well as decreasing microstrains
[7, 15, 37]. After annealing, there are no
dislocations within the grains of the nc
metals and only a few at the grain bounda-
ries [29, 40]. Grain boundaries are the
main sources of dislocations for mecha-
nisms leading to plastic deformation. A
lower amount of dislocations, however, re-
quire higher stress and increases the
strength of the nc material. Impurities can
further limit the formation and movement
of dislocations at the grain boundaries and
anchor them. These are further reasons for
decreasing ductility, but these appear no-
ticeably only from 200 to 250 °C. Only in
very pure electrochemically deposited nc
metals (without additives) can strengthen-
ing by annealing be avoided [41].

Within Range II, local grain growth
starts with abnormal or a bimodal (dual)
grain distribution. For this incipient pri-
mary recrystallization, the temperatures
determined for nc nickel are fairly low and
may also differ significantly, e.g. from 80
and 120 °C (without additives), respec-
tively [32], at 200 °C (with saccharin) [33,
37] or at 317 °C (with saccharin) [34]. The
growth of individual grains can be ex-
plained by inhomogeneous microstruc-
tures at the grain boundaries received from
annealing [42]. Grain growth inhibitors,
such as impurities, pores or uneven grain
boundary structures, are randomly distrib-
uted at the grain boundaries. Where
growth inhibitors are lacking, local grain
growth may occur due to high grain bound-
ary energy and high grain boundary mobil-
ity present there. During the annealing
process, a microstructure is formed con-
sisting of two portions; individual larger
grains are embedded in a surrounding na-
nocrystalline matrix. After annealing nc
nickel at 200 °C, such abnormal/bimodal
grain size distributions may exhibit im-
proved tensile properties, namely good
strength due to the nc grains with in-
creased ductility caused by the larger
grains [30, 37].

In the Range III, from about 250 °C, the
ductility of nc nickel or nickel-iron alloys
decreases towards zero and the strength or
hardness drops considerably [7, 15, 23, 33,
37, 41]. The diffusion of impurities such as
sulphur is orders of magnitude higher than

the self-diffusion of nickel. Noticeable im-
purities at the grain boundaries result in
fracture surfaces with intergranular cleav-
age fracture and brittle behavior. After an-
nealing treatments at 250 or 300 °C, sulphur
depositions of up to about 7 wt.-% are deter-
mined at some locations of the grain bounda-
ries [33, 37]. With nc nickel, abnormal grain
growth is replaced by normal grain growth
at temperatures higher than 290 or 320 °C
[32, 33]. Grain growth towards equilibrium
is observed for 370 to 500 °C [32]. With
nickel alloys, the corresponding tempera-
tures shift to higher values.

After annealing treatments with increas-
ing annealing temperatures for nc nickel
alloys, electrochemically deposited, a maxi-
mum hardness is achieved. At even higher
annealing temperatures, hardness values
decrease [7, 15, 29, 37, 38, 41]. E.g,
Ni-1 at.-% Fe deposited with saccharin
shows an unchanged microhardness of
5.95 GPa [41] after annealing up to 176 °C,
1 h. After annealing at 206 °C, 1 h, a still
low maximum hardness of 6.14 GPa is ob-
tained. After annealing up to 256 °C, 1 h,
the hardness drops sharply down to
3.62 GPa, and up to 526 °C, 1 h to about
3.4 GPa. A mean grain size of 14.6 nm
(XRD) and a microstrain of 0.41% are ap-
prox. constant up to an annealing tempera-
ture of 206 °C. Thus, microhardness in-
creases slightly up to maximum hardness
before grain growth by annealing occurs.
After annealing at 276 °C, 1 h, microstrain
is negligibly small and grain size at about
90 nm. For increasing annealing times,
hardness decreases continuously, reaching
3.88 GPa after 48 hours. After annealing at
206 °C, 2h and 10 h, abnormal/bimodal
grain size distributions are determined by
means of TEM.

Electrochemically deposited nickel-mo-
lybdenum alloys show decreasing average
grain sizes with increasing molybdenum
content, starting from 30 nm for pure
nickel to 3.4 nm (TEM) for Ni-21.5 at.-% Mo
[29]. Pure nc nickel with a hardness of
4.34 GPa reaches a maximum hardness of
4.91 GPa after annealing at 200°C, 1h
without considerable changes in grain size.
Annealing at even higher temperatures
causes a decrease in hardness to 2.36 GPa
at 400 °C, 1 h. By adding molybdenum up
to 21.5 at.-%, the Vickers hardness in-
creases to 5.02 GPa. Additional annealing
of this alloy results in a strong increase in
hardness up to a maximum hardness of
11.35 GPa at 525 °C, 1 h. The molybdenum
content increases the annealing tempera-
ture for which maximum hardness is

achieved and hence improves thermal sta-
bility. Only at this annealing temperature
does the grain growth of the nanoparticles
begin and the Vickers hardness decrease
noticeably.

The mechanical behavior of electrochem-
ically deposited nc nickel and nc nickel-
iron after various annealing treatments,
between 100 and 600 °C, follows the Hall-
Petch straight line for yield strength [7, 23]
as well as microhardness [15, 33, 36] down
to grain sizes of about 10 nm. However, an-
nealing at 250, 400, and 500 °C results in a
significant loss in elongation at fracture
[7]. The position and slope of the HP
straight line can be changed by adding iron
[15, 23]. Furthermore, the annealing time,
e. g. for nc nickel above 220 °C, can have a
considerable influence on the Vickers
hardness measured [33]. Starting from an
electrochemical deposition at 560 HV, after
220°C, 3 h increasing annealing time
causes an initial increase in Vickers hard-
ness to a maximum of 620 HV. Afterwards,
the hardness decreases slowly and is still
415 HV after 92 h. In this case, the micro-
structure yields 75% larger grains of
700 nm surrounded by a fine nc micro-
structure. By comparison, the Vickers
hardness determined for a uniform struc-
ture with a grain size of 700 nm is 200 HV
[33]. Impurities from saccharin used in
electrochemical deposition [23, 33] have a
decisive influence on this behavior of the
nc nickel microstructure.

The above mentioned trends for the max-
imum hardness of nc metals depending on
annealing temperature or annealing time
are confirmed by current results and ex-
tensively evaluated literature data [29, 41].
This shows that the “annealing hardening”
observed increases with smaller grains, es-
pecially for grain sizes less than 10 nm.
Deviating from HP behavior or even more
so from inverse HP behavior with soften-
ing, strength increase or an increase in
hardness of more than 100 % after anneal-
ing are determined for grain sizes below
5nm [29]. Annealing hardening only oc-
curs in nc metal alloys and in nc metals of
low purity as an evaluation of 24 literature
references reveals [41]. This is also ob-
tained for nc nickel alloys and nc nickel
with additives [7, 15, 33, 37, 38]. Studies of
pure nc nickel, deposited without additives
[23, 40, 41], do not reveal any strength in-
crease through annealing.

The thermal stability of nc materials or
rather of nc nickel and nc nickel alloys is
essentially based on the grain boundary
state. High grain boundary energy and
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grain boundary density of nc materials are
decisive for grain growth [29, 38, 41-45].
Two elementary approaches in order to ex-
plain reduced grain growth are [42, 43,
44]: (i) The thermodynamic approach to
reducing grain boundary energy as the
driving force for grain growth is marked by
the deposition of alloy or impurity atoms at
the grain boundaries and by decreasing
the dislocation density in the grain bound-
ary region with a specific heat treatment.
(ii) The kinetic approach assumes the an-
choring of the grain boundaries and thus
the reduction of grain boundary mobility.
This is also done by adding alloy or foreign
atoms such as sulphur [29, 39, 41-45] or by
second phases [38, 39, 43]. The product of
grain boundary energy (i) and grain bound-
ary mobility (ii) is considered to be decisive
for thermal stability and grain boundary
stability, respectively [29, 43].

The grain boundary stability of nc met-
als is of considerable importance for plastic
deformation, hardness and strength at
room temperature [29]. Grain boundaries
of low stability in high-purity nc metals
without grain boundary precipitation plas-
tify above a critical grain size by disloca-
tion sliding according to Hall-Petch behav-
ior. Below the critical grain size, grain
boundary sliding and grain rotation occur
followed by a decrease in strength. Nc met-
als with stable grain boundaries can be
generated by specific annealing with a re-
laxation and segregation of dissolved at-
oms at the grain boundaries. They show
grain boundary precipitation and low dislo-
cation densities at the grain boundaries
together with a decrease in microstrains or
residual stress in the grain boundary re-
gion at a decrease in grain boundary en-
ergy and volume [29, 41, 45]. Grain bound-
ary sliding is suppressed and consequently
partial dislocations at the grain boundaries
take on plastic deformation. Therefore, ex-
tremely small grains (< 10 nm) require
very high load induced stress to initiate
dislocation movement. Thus, annealing
hardening can cause considerable in-
creases in hardness and strength [29, 41].

Our basic investigations deal with nc
nickel-iron alloys, which are electrochemi-
cally deposited as layers with direct cur-
rent and subsequently annealed in a vac-
uum furnace at various temperatures. XRD
and TEM analyses, microbending and in-
strumented indentation hardness tests are
carried out before and after annealing to
characterize the microstructure and the
mechanical properties. The results provide
detailed information on the thermal stabil-
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ity of the investigated nickel-iron alloys.
The effects of heat treatment on the micro-
structural parameters and the associated
change in mechanical properties are dis-
cussed. Users are provided with tempera-
ture limits available for component post-
processing and short-term higher tempera-
ture use. However, the mechanical material
properties determined only apply to mate-
rial conditions after the respective anneal-
ing treatment at ambient conditions, i. e. at
room temperature. For an application of the
material properties for LIGA micro-compo-
nents for MEMS it is necessary to consider
the manufacturing parameters, the micro-
structure and geometric conditions.

| Experimental procedure

The nickel-iron layers are electrodeposited
on 100 mm copper discs provided by a
manufacturer of microdrives. An industrial
electrolyte (pH =3) especially developed
for microsystem technology is used for the
electrochemical deposition [3]. Efforts are
made to generate highly uniform micro-
structures on larger surface areas. The di-
rect current (DC) density is varied from 0.5
to 5 A xdm?2 [3, 10]. The iron content of
the finished nickel-iron layers measured by
EDX is 5.7 to 17.7 wt.-% Fe (see Table 1). To
take 5 x5 mm?® square specimens and
strips, respectively, microbending speci-
mens from the deposited layers, a precision
cutting machine is used. In the following,
the small bending specimens are referred
to as “microbending specimens”.

To manufacture microbending speci-
mens (see Table 1) from the layer/coating
strips, the layer strips are attached to a
specimen carrier using hot glue at 120 °C
for 5 min [3]. After the surface grinding of
the copper and nickel-iron faces, the layer
strips are further machined to a thickness
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of 0.3 mm by using finish grinding and pol-
ishing equipment. This results in a speci-
men surface finish without grooves with a
low roughness value R, < 0.1 pm. An Al,O,
cutting disc is used to separate the micro-
bending specimens. Then, the microbend-
ing specimens are detached from the speci-
men carrier by heating (120 °C for 5 min)
and melting the hot glue. Figures 1a and 1b
show the geometry of the microbending
specimens and a finished microbending
specimen. In the next step, a part of the
DC-plated microbending specimens were
heated at a heating rate of 5 K x min! and
annealed for 2h in a vacuum furnace
(p < 10 mbar) at 200, 220, 240, 260, 280,
300, 400 or 800 °C and then slowly cooled
down to room temperature at a cooling rate
of 1 K x min.

To manufacture the 5 x 5 mm?® square
specimens (see Table 1), after cutting and
attaching on a specimen carrier, the copper
substrate is removed by grinding. Then,
heat treatment is applied for 2 h at 200,
220, 240, 260, 280, 300, 400 or 800 °C as
for the microbending specimens. After
slow furnace cooling (see microbending
specimens), the specimens are embedded
in warm embedding material (150 °C for
10 min). Finish grinding and polishing
completes the preparation (see above).

The characterizing of the available nc
microstructures is performed by means of
Xray diffraction  (XRD). Here, a
y-diffractometer (manufactured by the
company: GE Sensing & Inspection Tech-
nologies GmbH, type: XRD 3003 PTS uB) is
used on the specimens’ surfaces using a Cu
Ko-beam and a 0.2 mm diameter primary
beam at the center of the diffractometer.

To determine grain sizes and micro-
strains, respectively, lattice strains by
means of the modified Williamson-Hall plot
measured at {311}, {222} and {400} inter-

Disc.numberhor Current deflsity Iron content Microbending specimen Square specignen

specimen series (A x dm?) (wt.-%) (5% 5 mm?)
R001-DC-0-5 5.0 5.7 x x
R006-DC-0-3 3.0 8.8 x

R005-DC-0-1.5 1.5 13.4 x

R007-DC-0-0.5 0.5 17.7 x x

Table 1: Manufacturing parameter current density of electrochemical DC deposition, received iron

content, and specimen type

a)

i 10

_g h=0.3
!

b) Figure 1: a) Geometry of micro-

bending specimens, b) microbending

specimen manufactured by electro-

chemical deposition, grinding, and
“, polishing
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Deposited XRD | TEM | SEM

specimen Grain size (nm)
DC-0-3-RT 1 8 -
PR-200-1-RT 17 11 -
DC-0-5-400 148 - 411

Table 2: Grain sizes to various determination
methods of DC-plated specimens and of pulse-
reverse plated (PR) specimen without annealing
(RT), and after annealing (400 °C)

ference line widths are used [46, 47]. Inter-
ferences ({111}, {200}, {220}) overlapping
with other phases, are excluded from eval-
uation. To verify the grain sizes determined
by XRD, the results in Table 2 are com-
pared with results of TEM and scanning
electron microscope (SEM) images. The
grain sizes determined using both methods
XRD and TEM are in good accordance with
those specimens deposited using direct-
current and a current density of 3 A x dm?
(DC-0-3-RT) as well as those deposited using
pulse-reverse current at 200 Hz and a cur-
rent density of 1A xdm? (PR-200-1-RT).
The specimen annealed at 400 °C (DC-0-5-
400) shows a grain size of 148 nm from the
XRD measurement and a grain size of
411 nm in an SEM image due to the pres-
ence of annealing subgrain boundaries, be-
ing detectable with XRD measurements but
not in SEM images of nanomaterials [48].
This leads to different results by using the
two methods.

It is not possible to determine the grain
size of specimens annealed at 800 °C by
XRD, because microcrystalline (mc) grains
are too coarse for applying this method [49].
A light microscope and the linear intercept
method according to DIN EN ISO 643 are
used to determine these coarser mc grain
sizes. For this, the microstructure is etched
beforehand with Nim3 etchant [50].

XRD texture analyses, possessing rota-
tionally symmetric pole figures in all cases,
can be evaluated by the relatively simple
Harris-Texture Index

mes
{hkl}
rel

_ {hki}
Kk} ™ (mes  ymes  rmes )
R ity {200} + {220}
Irel Irel rel
{11y {200} (220}

for the tilt angle y=0° [51]. The lattice
planes {111}, {200} and {220} were investi-
gated. IT}‘&‘” and Ilrf;‘kll are the measured and
relative [52] intensities of interference
from NiFe specimens. If an anisotropic mi-

crostructure is present, T, assumes a

value greater than 1, and even up to a max-
imum of 3 for a strongly pronounced tex-
ture. For isotropic microstructures,
Ty =1, Tipppy = 1, and Typpp, = 1.

Moreover, a scanning electron micro-
scope (SEM) (by Zeiss, type: SUPRA 40)
equipped with EDX (by Bruker, type:
QUANTAX 5010) is used for microstruc-
tural and element analyses.

In addition to this, it is possible to render
the nc microstructures visible through
transmission electron microscopy (TEM by
Joel, type: JM2010) and to compare the
nano-grain sizes with those determined by
the XRD measurements.

For the instrumented indentation testing
the same specimens are used as for the
previous XRD analyses. An instrumented
indentation-hardness tester (type Fischer-
scope™), having a diamond pyramid in-
denter, is used to carry out the micro-hard-
ness testing according to Vickers. The test-
ing load of 98.1 mN is applied for 20 s, held
for 10 s and unloaded in 20 s. From the re-
corded load-indentation curves indentation
hardness and the indentation modulus are
evaluated according to DIN EN ISO 14577.
The indentation hardness is measured us-
ing the 5 x 5 mm? square specimens from
the same discs as those of the microbend-
ing specimens. To achieve average values
for the indentation modulus and the inden-
tation hardness, a 3 x 3 measuring point
matrix with a dimension of 100 x 100 um?
is placed at the middle of the specimens.

Microbending tests with plain specimen
geometry (see Figure 1) are used to deter-
mine characterizing parameters for quasi-
static material behavior. The parameters
are 0.01-% offset yield strength Ry,
bending strength R, *, Young’s modulus E
and fracture strain on edge €.

To determine these parameters a micro-
tensile testing machine (by Messphysik,
type: uStrain) is used. For the microbend-
ing tests an accurate three-point bending
tool was designed. The distance between
the lower bearings of the 3-point bending
tool is I =4 mm with a central upper bear-
ing for load application. All bearings, i.e.
the two lower and the upper bearings, have
a cylindrical geometry, each with 0.5 mm
bearing radius. The bearings are rigidly
mounted in press fits without any mobility
in the tool. Microbending specimens are
always freely placed on the lower bearings.
The bearing distances, the bearings in
height, the parallelism and flatness of the
bearings are quite accurate in the um
range. To carry out the measurement, a
force load cell up to 0.5N and a laser

speckle extensometer (LSE) with a resolu-
tion of 20 nm for measuring the maximum
deflection are available. Verifying the LSE
measurements with steel specimens are
well in agreement with the results using
strain gauges and have suitable values for
the Young’s modulus. All microbending
tests are carried out using a constant edge
strain rate £; = 103 1.

Before the evaluation of material param-
eters, it is necessary to determine the
bending hardening curve from the force-
deflection curve (F-f curve). For this the
edge stress in elastic loading

M

b
c. =
E
Wb

(4)

and the fictitious edge stress in elastic-
plastic loading

Mb
GE" :Wb>Res (5)

are calculated from the bending moment

Fl1
M =—
b4
and section modulus
b h?
W =—-.
b 6

Furthermore, the edge strain is determined
from the measured deflection f [53]

6fh
8E = 2
I (6).

Thus, the Young’s modulus from the linear
gradient

LA

& (7)

and the 0.01-% offset bending yield
strength Ro,* as material resistance
against exceeding a remaining edge strain
of €;=0.01% can be determined from the
bending hardening curve [53].

| Results

The microstructure analyses by XRD and EDX
in a DC-plated condition (without annealing)
exhibit with a current density decreasing
from 5 A x dm?2 to 0.5 A x dm? an increasing
iron content (see Table 1) and also increasing
microstrain, 0.36 to 0.65% for the 5 x 5 mm?
square specimens (see Figure 2a) and 0.35 to
0.54 % for the microbending specimens (see
Figure 2b), respectively [3].
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Starting from room temperature, the mi-
crostrains and grain sizes measured by
XRD after annealing at low temperatures
show practically no changes on an initial
plateau. Conservatively considered, the
structural variations start at the last point
of the plateau before the observed varia-
tions (see Figures 2 and 3).

Figure 2 depicts the relationship be-
tween microstrain determined by XRD
and the annealing temperature. Here, a
reduction of the microstrain is initiated at
rather low and somewhat different tem-
peratures. The beginning of recovery in-
volves a shift to higher temperatures,
from 200 to 220 to 240 °C, for 5 x 5 mm?
square specimens with iron content in-
creasing from 5.7 (R001-DC-0-5) to 8.8
(RO06-DC-0-3) to 17.7 wt-% (R0OO7-
DC-0-0.5) as shown in Figure 2a. For the
microbending specimens, the beginning
of recovery is measured at the same tem-
perature of 200 °C for all iron contents 5.7
(RO01-DC-0-5), 13.5 (R005-DC-0-1.5) and
17.7 wt-% (R007-DC-0-0.5) (see Fig-
ure 2b). Up to an annealing temperature
of 280 °C, microstrains are almost com-
pletely eliminated for all specimens. The
microstrains for 800 °C annealed speci-
mens cannot be determined by X-rays due
to the coarse grain sizes.

The grain sizes, after electrochemical
deposition and before annealing, deter-
mined by XRD, are about 10 nm for all
specimens with slightly higher values for
the lower iron content (see Figure 3). Grain
growth occurs at very low annealing tem-
peratures for all four nickel-iron layers
(RO01-DC-0-5, R0O05-DC-0-1.5, R006-DC-0-3,
and R007-DC-0-0.5), however at slightly
higher temperatures than the decrease in
microstrains (compare Figures 2 and 3).
With increasing iron content, the tempera-
tures at which grain growth begins are
shifted to higher values from 220 to 240 to
260°C for 5x5mm? square specimens
and from 240 to 260 °C for microbending
specimens, respectively. After annealing at
400 °C, the grain sizes obtained increase to
50 nm at 17.7 wt.-% Fe to about 250 nm at
5.7 wt.-% Fe for the 5 x 5 mm? square spec-
imens (see Figure 3a) and to 80 nm at
17.7 wt-% Fe to about 760 nm at 5.7 wt.-% Fe
for the microbending specimens (see Fig-
ure 3b). With a further increase in the an-
nealing temperature to 800 °C, light micro-
scopic images show very large grains with
19 to 74 um for both specimen types (see
Figures 3a and 3b). The smaller grain size
again occurs in the nickel-iron layers with
the highest iron content. Additional precipi-
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tates are present within the microstructures
of the specimens annealed at 800 °C.

If the Harris-Texture index is considered
as a function of the annealing temperature,
a {111} texture (Harris-Texture Index
Ty111) = 1.5) and a rather weak {200} texture
(Tj200 = 1.1) are recognizable after electro-
chemical deposition. After annealing at
200 °C, the {111} texture decreases slightly
to Ty =14 and the {200} texture in-
creases slightly to T, = 1.2. From an an-
nealing temperature of 280 °C up to an an-
nealing temperature of 500 °C, a slight
larger proportion of the {200} lattice plane
is determined parallel and rotationally
symmetrical to the electrochemical deposi-
tion plane with T, = 1.4 than with the
{111} plane Ty, = 1.3 [47]. XRD analyses
subsequent to annealing above 500 °C are
not possible due to the larger grains.

The indentation modulus-temperature
relationship is plotted in Figure 4a for the
nickel-iron layers with the different iron
contents. The DC-plated specimens have

a)
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---«0--- RO01-DC0-5, (5.7 wt-% Fe)
0.9 p--@--R006-DC-0-3, (8.8 wt-% Fe)
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’ begin of recovery
§ 0.7 -G'-—‘>‘|j|o
<z 06} A
£ i
5 05} )
» (O]
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§ 04 [ o 40 e
g o3¢ R
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02 | ?)‘\b \
0.1 | .,Elg::_:“:.-
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almost the same indentation moduli as for
the DC-plated and specimens annealed at
200 °C. Here, the increasing iron content
reduces the indentation modulus slightly
from 210 to 203 and finally to 195 GPa. In
the nickel-iron layers R001-DC-0-5 and
R006-DC-0-3 with 5.7 and 8.8 wt.-% Fe, re-
spectively, the indentation modulus in-
creases significantly to about 260 GPa with
increasing annealing temperatures from
200 to 300 °C. This level is maintained for
the specimens annealed at 400 °C. For the
nickel-iron layer R007-DC-0-0.5 with
17.7 wt.-% Fe, the indentation modulus in-
creases above the specimens annealed at
220 °C. The lower maximum plateau of
about 235 GPa is also measured after an-
nealing at 300 and 400 °C. After annealing
at 800 °C all measured values decrease. At
specimens with the lowest 5.7 and the
highest 17.7 wt-% iron content, the de-
crease to about 150 GPa is significant, even
far below the value of electrochemical dep-
osition. By contrast, a decrease in the in-

b)
1.0
-@-- R001-DC0-5,(5.7 Wt -% Fe)
09 f--&--R005DC0-15, (135 wt-% Fe)
08 |- -R007-DC0-05(17.7 wt-% Fe)
< 07 ¢ becin of
EE 06 h egin of recovery
s
]
e
k)
s

Annealing temperature (°C)

Figure 2: Microstrain 1 of annealed nickel-iron layers as a function of annealing temperature T, of
a) 5 x5 mm? square specimens, b) microbending specimens
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Figure 3: Grain size D of annealed nickel-iron layers as a function of annealing temperature T, of
a) 5 x5 mm? square specimens, b) microbending specimens
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the indentation hardness decreases and
reaches, after annealing at 800 °C, only
2,900 to 3,100 N x mm2. That is about 40 %
of the DC-plated initial value. The maxi-
mum hardness values of the nickel-iron
layers increase with increased iron content
and occur at different temperatures. After
annealing at 280 °C, the highest hardness

dentation modulus for the iron content
8.8 wt.-% to 240 GPa is rather small.

All nickel-iron layers investigated show
similar indentation hardness-temperature
relationships as in Figure 4b. Already after
an annealing treatment at 200 °C, an in-
crease in the indentation hardness is regis-
tered. If the maximum hardness is passed,
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Figure 4: a) Indentation modulus E;;, b) indentation hardness H,; as a function of annealing
temperature T, of 5 x 5 mm” square specimens of annealed nickel-iron layers
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Ry01% d) Bending strength R, * as a function of annealing temperature T, of microbending specimens
of annealed nickel-iron layers

value (9,705 N x mm) is measured at the
nickel-iron layer R0O07-DC-0-0.5 with the
highest iron content of 17.7 wt.-%. For the
nickel-iron layers R001-DC-0-5 and R006-
DC-0-3 with lower iron contents of 5.7 and
8.8 wt.-%, a maximum hardness with 8,882
and 8,111 N x mm2 is obtained after an-
nealing at 240 °C.

The results of the microbending tests on
the annealed specimens are given in the fol-
lowing. It should be noted that due to a cer-
tain deformation as a result of the annealing
process, the microbending specimens do
not always lie exactly on the bearings of the
bending tool. This leads to a more pro-
nounced scatter of the results in the DC-
plated and annealed state as compared to
the as-received DC-plated specimens (see
Figure 5). The results presented are mean
values from each three bending tests.

The Young’s moduli measured at room
temperature after annealing at different
temperatures are shown in Figure 5a for
the nickel-iron layers R001-DC-0-5, R005-
DC-0-1.5 and R007-DC-0-0.5 with the iron
contents 5.7, 13.5 and 17.7 wt.-%. For all
nickel-iron layers investigated, similar
curves result. For specimens of DC-plated
layers, without annealing, the Young’s
modulus ranges from 165 to 170 GPa. After
annealing at 200 °C, Young’s modulus de-
creases and reaches a minimum after 240
(RO01-DC-0-5 and RO005-DC-0-1.5) or
260 °C (R007-DC-0-0.5), respectively, and
then reaches a maximum value after an-
nealing at 260 (R0O01-DC-0-5) or 280 °C
(RO05-DC-0-1.5 and R007-DC-0-0.5), re-
spectively. The Young’s modulus drops
down to 103 to 112 GPa for even higher an-
nealing temperatures of 800 °C. Specimens
with the highest iron content (R007-
DC-0-0.5) usually show the highest Young’s
moduli determined at various annealing
temperatures.

With respect to the 0.01 % offset bending
yield strength R, *, the nickel-iron layers
treated at low annealing temperatures be-
tween 220 (R001-DC-0-5 and RO07-DC-0-0.5)
and 240 °C (R005-DC-0-1.5) show an in-
crease of Ry above non-heat treated
specimens for room temperature (see Fig-
ure 5¢). The maximum increase results for
the nickel-iron layer (R007-DC-0-0.5) with
the largest iron content 17.7 wt.-% from
2,558 MPa at room temperature (without
annealing) to 3,548 MPa after a 220 °C an-
nealing treatment. After annealing at still
higher temperatures, the 0.01-% offset bend-
ing yield strength R, o, * drops sharply and
only reaches values between 152 and
227 MPa after annealing at 800 °C.
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Extremely high bending strengths R *
of 3,547 (R001-DC-0-5), 3,830 (R0O05-
DC-0-1.5) to 4,044 MPa (R007-DC-0-0,5)
are determined at room temperature with
increasing iron content 5.7, 13.5 to
17.7 wt-% (see Figure 5d). After annealing
at 200 °C, all determined bending strengths
drop to a local minimum and reach a local
maximum after annealing at 220 (R007-
DC-0-0.5) or 240°C (R001-DC-0-5 and
R005-DC-0-1.5), respectively. Further, the
R, * values decrease and after annealing at
800 °C reach minima of 152 to 243 MPa. In
the annealing temperature range 200 to
300 °C, the strength values scatter consid-
erably and make it difficult to distinguish
between the individual nickel-iron layers.

Regarding ductility, the fracture strain
after the annealing treatments for the se-
lected annealing temperatures is shown in
Figure 5b. After annealing at the lowest se-
lected temperature, a significant reduction
in fracture strain to values between 0 and
0.25 % can be observed for all investigated
nickel-iron layers. Up to annealing temper-
atures of 300 and 400°C all fracture
strains are about 0%. After annealing at
800°C, the fracture strain increases
slightly from 0.1 to 0.3 %.

| Discussion

The microstructure of the nickel-iron layers
and their thermal stability is investigated
through XRD. Bimodal structures are not de-
tectable. Both investigated specimen types,
the square specimens 5 x 5 mm? and the
microbending specimens, show comparable
results for the microstrains and grain sizes
taking into account the existing scatter (see
Figures 2 and 3). It should also be noted,
that the XRD results for the 5 x5 mm?
square specimens are single measured val-
ues (see Figures 2a and 3a), while for the
microbending specimens the mean values
and standard deviations each from three
measurements (see Figures 2b and 3b) are
displayed. In Figure 3b, however, standard
deviations of the grain sizes are not visible,
caused by too small values. Both specimen
types are taken from the same nickel-iron
layers. However, the slight differences be-
tween the results of the two types of the
specimens might depend on the specimen
geometry, the preparation procedure and
the position of the extracted specimens
within the disc. From this it can be con-
cluded that both specien types have approx.
the same microstructural states.

Recovery begins slightly before primary
recrystallization with a decline in micro-
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strains. The measured values of the nickel-
iron layers studied for the beginning of re-
covery at 200, 220 and 240°C (see
5x5mm’ square specimens, Figure 2a)
and 3 x 200 °C (see microbending speci-
mens, Figure 2b) and for the beginning of
recrystallization at 220, 240 and 260 °C
(see Figure 3a) and 240, 260 and 260 °C
(see Figure 3b) are almost the same for the
5 x 5 mm? square specimens and the mi-
crobending specimens. An increased iron
content from 5.7 to 17.7 wt-% has a
slightly stronger microstructure stabiliz-
ing effect and thus permits a little higher
annealing temperature without significant
microstructural changes. The tempera-
tures obtained for the start of recovery and
recrystallization are comparable to those
in the literature for similar iron contents
[7,41, 45]. Recovery is nearly completed at
280 °C (see Figure 2). Primary recrystalli-
zation at an annealing temperature of
300 °C leads to grain sizes of 27, 89,
184 nm for 5 x 5 mm® square specimens
or 61,115, 629 nm for microbending speci-
mens, respectively. After annealing at
400 °C, grain sizes of 54, 148, 252 nm for
5x 5 mm’ square specimens or 81, 165,
760 nm for microbending specimens are
reached (see Figure 3). A completed second-
ary recrystallization at grain sizes of 19 to
74 um is observed in the specimens an-
nealed at 800 °C. The stabilizing effect of
higher iron content explains the smaller
grains at the particular annealing tempera-
ture (see Figure 3).

After annealing above the recrystalliza-
tion temperature, in this case after second-
ary recrystallization at 800 °C, clear pre-
cipitates are visible in the light microscopic
images of the microstructure. SEM investi-
gations confirm the precipitations. EDX
analyses show a sulfur content of 14 wt.-%
within the precipitates. Further SEM and
EDX investigations on specimens annealed
at 400 °C also confirm precipitates with
higher sulfur contents located within the
grains and partly at the grain boundaries,
as has already been shown in [10, 47].

At low annealing temperatures below the
corresponding recrystallization tempera-
ture, first atoms from the impurities (here
small sulfur atoms) and then those from
the alloys (here the larger iron atoms) seg-
regate at the grain boundaries [23, 29, 38-
45]. The segregated atoms are able to ther-
mally stabilize the grain boundaries and
thus also the nc microstructure. Grain
boundary stabilization is caused by relaxa-
tion due to a reduction of microstrain and
the segregation of solute atoms at grain
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boundaries. Thus, the grain boundary en-
ergy is reduced, and the migration of the
grain boundaries is impeded. By a further
increase of the annealing temperature, sol-
ute atoms within the grain boundaries ini-
tiate to form precipitates [43]. The precipi-
tates at the grain boundaries grow, the mi-
crostructure  becomes unstable and
recrystallization begins. Coarser precipi-
tates are inserted into the larger grains and
only a few remain at the grain boundaries.
However, the thermodynamic stabilization
effect of diverse atoms at the grain bounda-
ries varies. E. g. in nickel, iron has a lower
thermally stabilizing effect than phospho-
rus, molybdenum, tungsten or yttrium,
which also affects the mechanical proper-
ties [7, 23, 33, 38, 42 - 44].

The mechanical behavior investigated is
influenced by various parameters. On the
one hand, there are the parameters influ-
encing the nickel-iron layers deposited and
their microstructural changing during an-
nealing. On the other hand, the two test
methods, i.e. instrumented indentation
and 3-point bending, differ. The influence
on the microstructure comprises changes
in the grain structure and in the grain
boundaries, especially atomic segregations
at the grain boundaries, which already
form before recrystallization [43], changes
of microstrains caused by reducing the de-
fects in the microstructure, as well as dur-
ing recrystallization, the variation in grain
sizes and the formation of bimodal struc-
tures and texture change. Differences in
test methods are the uniaxial and multi-
axial stress state in the bending test and
the indentation test, respectively. More-
over, larger material volumes are stressed
during the bending test than during the
indentation test. There are also differences
in the load-time function in both tests. In
the bending test, Young’s modulus E is
measured at the beginning of loading be-
fore the plastic deformation. During the
indentation test, the indentation modulus
E;; is measured after plastic deformation is
initiated. Changes in microstructure and
strength can be assumed as a result of plas-
tic deformation during the indentation
hardness measurement prior to the deter-
mination of the modulus with the indenter.
In addition, the Bauschinger effect may
have an influence on the measurement of
the indentation modulus when relieving
the indenter.

Indentation modulus E;; and Young’s
modulus E both show a clear trend with in-
creasing annealing temperature (see Fig-
ure 6). The changes observed at certain
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temperatures are very similar for the
nickel-iron layers investigated, in each case
for the Young’s modulus E (R001-DC-0-5,
R005-DC-0-1.5, R007-DC-0-0.05) as well as
for the indentation modulus E,; (R0O1-
DC-0-5, R006-DC-0-3, R007-DC-0-0.05).
However, the indentation moduli are al-
ways higher than the Young’s moduli. With
respect to this difference the measuring
effect has to be taken into account as de-
scribed above.

Starting from room temperature, after
electrochemical deposition, the mean val-
ues of E;; for the three investigated nickel-
iron layers are nearly constant at approx.
200 GPa up to 200 and 220 °C, respectively
(see Figure 6, RO01-DC-0-5 (5.7 wt-% Fe)
and R006-DC-0-3 (8.8 wt.-% Fe) and R007-
DC-0-0.05 (17.7 wt.-% Fe)). By contrast, the
initial Young’s modulus E = 168 GPa in Fig-
ure 6 decreases moderately to 154 GPa after
the first annealing temperature of 200 °C
(R001-DC-0-5,R005-DC-0-1.5 (13.5 wt.-% Fe)
and R007-DC-0-0.5). There is no change in
the microstrain at 200 °C (see Figure 2)
and no measurable variation in grain size
(see Figure 3) so that a slight decrease in
the Young’s modulus is difficult to explain.
However, it is possible that this small de-
crease in Young’s modulus may be due to
segregated smaller atoms at grain bounda-
ries influencing the elastic behavior.

As recovery above 200 to 240 °C begins
(see grey vertical, fine dotted or solid lines
in Figure 6), both, E and E;; change signifi-
cantly. From 200 or 240 °C, the Young’s
modulus E is reduced to a minimum. By
comparison, E;; shows increasing values
up to about 300 °C. Effects such as in-
creased segregations (e. g., sulfur and iron)
at the grain boundaries, especially at the
onset of recrystallization, changes in grain
size and texture, may overlap as the an-
nealing temperature increases.

The bimodal microstructures and the
test methods could offer a further explana-
tion for changing elastic properties. Such

Q
~

Figure 6: Young’s modulus E and
indentation modulus E, vs. annealing 300

temperature T, of microbending E
specimens, and of 5 x 5 mm? square o 250
specimens of DC-plated and 2 200

annealed nickel-iron layers for 5
a) RO0I-DC-0-5 with 5.7, 8 150
b) R005-DC-0-1.5 with 13.5, g 100

and R006-DC-0-3 with 8.8, and -g

¢) RO07-DC-0-0.5 with 17.7 wt-% &
iron (grey vertical lines show the >3_ 0

beginning of recovery (fine lines),
and beginning of grain growth (bold
lines) measured through XRD)

microstructures occur after annealing at
about 200 °C and above and are not detect-
able by XRD. Nevertheless, the nanocrys-
talline microstructure dominates as a ma-
trix for annealing temperatures that are
not too high [33, 37, 41]. Thus, in the bend-
ing test, larger material volumes are
stressed than in the indentation test, affect
the results for the entire loaded bimodal
microstructure, for the nanocrystals and
for the embedded larger crystals. By con-
trast, indentation measurements are only
carried out locally, e.g. only in the na-
nocrystalline matrix.

At the beginning of primary recrystalliza-
tion at 220 and 260 °C (see grey vertical,
bold dotted and solid lines in Figure 6), in-
creasing values of E and E;; occur. The in-
crease of E;; to a plateau at 300 to 400 °C and
of E to a maximum at 260 and 280 °C after
the minimum could be related to an increas-
ing amount of segregations at the grain
boundaries. Reinforcement by segregations
can result in increased cohesion [40], and
thus an increase of modules is possible. But
this depends strongly on the atoms involved.
If the Bauschinger effect is applied to the in-
dentation test, its impact could decrease
from 280 or 300 °C, when microstrains be-
come minimal (see Figure 2).

At the subsequent annealing tempera-
tures starting at approx. 280 °C, E de-
creases again, while E;; increases at 300 °C
and remains constant to up to 400 °C on a
higher plateau. Growing grains, which at
certain temperatures are no longer bimodal
but uniform [32, 33], precipitations pre-
dominantly within the grains and altered
textures do not lead to any further increase
in E;; and decrease in E. Secondary recrys-
tallization as a result of annealing at
800 °C causes a considerable decrease in
the measured values E and E;;, which are
mostly below the respective initial values
of the electrochemical deposition.

Especially the reduction of E to a mini-
mum for the bending test could also be

linked to a decreasing <111> and an increas-
ing of the <200> texture. Nickel possesses a
large elastic anisotropy and a large anisot-
ropy factor whose smallest elastic modulus
values are in the direction of <100> and
largest in the direction of <111> [54]. As a
result of annealing, the proportion of the
<100> direction increases only slightly, but
from about 280 °C it has a greater propor-
tion than the <111> direction. Both direc-
tions agree in each case with the direction of
the highest stress in the bending test. In the
case of indentation hardness testing, on the
other hand, this is different and is caused by
multi-axial stress.

All nickel-iron layers with different iron
contents investigated show a comparable
relationship between E and the annealing
temperature. The same applies to the in-
dentation modulus E;;.

Indentation hardness already increases
considerably at the lowest annealing tem-
perature chosen, which is to say, at 200 °C
(see Figures 4b and 7). This applies to all
investigated nickel-iron alloys with iron
contents 5.7, 8.8 and 17.7 wt.-% (R001-
DC-0-5, R0O06-DC-0-3, R007-DC-0-0.5). The
behavior is in contrast to the initially un-
changed indentation modulus. This cannot
be explained by the approx. constant XRD
microstrain measurements and grain size
determinations at 200 °C (see Figures 2
and 3). However, the literature agrees that
an increase in hardness and strength oc-
curs after low-temperature annealing at
200 to 250 °C of electrochemically depos-
ited nickel-iron with saccharin, although
no or only a certain grain growth is ob-
served [7, 15, 41]. Here, the annealing tem-
peratures 240, 240, 280 °C resulting in
extremely high maximum hardness values
8,883, 8,111, 9,705 N x mm2 are close to
the beginning primary recrystallization
temperatures 220, 240, 260°C (R0O1-
DC-0-5, R006-DC-0-3, R007-0-0.5) meas-
ured through XRD. The subsequent de-
crease in hardness can be explained by the
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changing microstructure due to higher an-
nealing temperatures. The hardness curves
for both lower iron contents of 5.7 and
8.8 wt.-% Fe exhibit similarly high hard-
ness values (see Figure 4b). For a higher
iron content of 17.7 wt.-% Fe, by contrast,
the hardness values overall are signifi-
cantly larger. The increases in hardness
after annealing at low temperatures are at-
tributed to impurities and solutes in nc ma-
terials and the resulting segregations of
atoms at the grain boundaries as well as to
a relaxation of the grain boundaries [7, 15,
29, 41]. For specimens with a higher iron
content of 17.7 wt.-%, a stronger increase
in indentation hardness tends to be
achieved (see Figures 4b and 7). This could
mean that annealing hardening is caused
by the grain boundary segregation of sul-
fur but also of iron atoms. After secondary
recrystallization at 800 °C, the hardness
values of all nickel-iron layers drop below
the respective initial values of electro-

chemical deposition to 2,883, 3,116,
3,107 N x mm2.
For Ry * no (RO01-DC-0-5, RO07-

DC-0-0.5) or a medium (R005-DC-0-1.5)
change to the initial values at room tem-
perature is determined after annealing at
200 °C (see Figures 5¢ and 8). Respective
maximum Rpom* values 2,764, 2,593,
3,548 MPa can be observed at temperatures
of 220, 240, 220 °C. That is after the begin-
ning of recovery at 200 °C for all three ma-

terials (see Figure 2b) and before the begin-
ning of the respective primary recrystalli-
zation at 240, 260, 260 °C (see Figures 3b
and 8, R001-DC-0-5, R005-DC-0-1.5, RO07-
DC-0-0.5 with 5.7, 13.4, 17.7 wt-% Fe).
Measured microstrains are still relatively
high at the maximum of Ry,,* (see Fig-
ures 2b and 8). This consequently means
for Ryo0,* that low temperature annealing
results in hardening without any change in
the XRD measured grain size. Above the
maximum values and slightly before the be-
ginning of the primary recrystallization de-
termined, R, * decreases. Above 300 °C
and even above 400 °C, the drop is clearly
below the initial value of electrochemical
deposition. An intermediate minimum as
well as an intermediate maximum is deter-
mined for the specimens with 17.7 wt.-% Fe
after 240 and 280 °C, respectively. Second-
ary recrystallization at 800 °C provides ex-
tremely low R, * values of 152, 185,
227 MPa (see Figure 8). This may be caused
by large grains and/or coarse precipitates.

The R, * of the three nickel-iron layers in-
vestigated decreases significantly after an-
nealing at temperature of 200 °C and reaches
values in the same range as R, * at 200 or
220°C (see Figure 8). R,(* and R, * re-
main identical for the higher annealing tem-
peratures with some small exceptions. Al-
most identical values of R, and R o, * could
be explained by the fact that strain harden-
ing by dislocations can hardly occur.

MECHANICAL TESTING

Fracture strain on edge g, is already
relatively low for the electrochemically de-
posited nickel-iron layers, namely 1.4, 2.0,
1.4 %, but decreases down to nearly 0 % for
all tested specimens after annealing at
200 °C (see Figure 8). Only in the excep-
tions in which R,,* and R,,* are some-
what different do the values of €, slightly
deviate from 0%. After secondary recrys-
tallization at 800 °C, the g, values for the
three nickel-iron layers increase slightly
from 0 % at 400 °C to 0.17, 0.13, 0.32 %.

Overall, indentation hardness measure-
ments and bending tests show the maxi-
mum hardening of the nickel-iron layers at
low annealing temperatures of 240, 240,
280 °C (see Figure 7) and of 220, 240,
220 °C (see Figure 8). These temperatures
are in the range of the beginning primary
recrystallization at 220, 240, 260 °C (see
5 x 5 mm? square specimen, Figure 3a) or
240, 260, 260 °C (see microbending speci-
mens, Figure 3b). The ductility is very low,
which is in accordance with the literature
[7,37,40], here g . = 0%, and the compara-
bility of R;g,* and R, * are further results.
As a consequence, it could be assumed that
strain hardening due to dislocation multi-
plication and Hall-Petch behavior is hardly
possible. Hardening at low annealing tem-
peratures, that occurs nevertheless as a
result of the maximum values of H;; and
Ry0.01™, could have complementary reasons.
Annealing hardening may in any case be
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Figure 9: a) Indentation modulus Ey;, b) indentation hardness H;; with incorporated Hall-Petch line of
DC-plated as well as of DC-plated, and annealed nickel-iron alloys depending on grain size D

caused by the segregation of impurities and
dissolved atoms at the grain boundaries of
the tested nanocrystalline nickel-iron alloys.
This reflects the results and statements of
other authors [29, 38, 41, 45].

E;; and E of the electrochemically depos-
ited (crosses) and the electrochemically
deposited and annealed specimens (open
symbols) vs. the grain size can be seen in
Figures 9a and 10a. Nanocrystalline grain
sizes of about 10 nm even after low-temper-
ature annealing display no significant in-
fluence on E; (see Figure 9a and compare
Figure 6). By contrast, E shows a decrease
in values after low-temperature annealing
(see Figures 6 and 10a). Increasing grain
sizes from the beginning of primary re-
crystallization cause increasing values of
E;r and to a lesser extent of E. Microstruc-
tures with grain sizes larger than about
100 nm reduce the values of E. E;, on the
contrary, only decreases after secondary
recrystallization for grain sizes in the mi-
crocrystalline (mc) range. In any case, the
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grain size changes from nc to mc as a re-
sult of the annealing processes and there-
fore reveals considerable differences in the
modules. In the literature, influences of
grain size on the Young’s modulus of nickel
and nickel-iron up to about 20 nm have
been determined [55]. The authors report
that above 20 nm there is practically no in-
fluence of grain size on the Young’s modu-
lus. In this study the microstructure, how-
ever, is in electrochemically deposited state
without heat treatment [55].

Variations in iron content (5.7, 8.8, 13.5
and 17.7 wt.-%), taking into account the
considerable scatter, have no significant
influence on the values of E;; and also on
the values of E (see open symbols, Fig-
ures 9a and 10a). Only two measured E;;
values after secondary recrystallization at
800 °C for mc grain sizes differ considera-
bly (see Figure 9a). According to [55], there
is practically no significant influence on
the modulus of elasticity for nickel-iron al-
loys between 0 and 20 wt.-% Fe. Overall,
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the values of E;; are considerably greater
than those of E.

The Hall-Petch relationship is shown in
Figure 9b as indentation hardness H;; vs.
D05, This concerns the same nickel-iron
layers as in Figure 4b with additional re-
sults of further specimens for electrochem-
ical deposition.

Electrochemically deposited specimens
(see DC-plated, crosses in Figure 9b) do not
show any influence on the indentation hard-
ness within the scatter for different iron
contents and different grain sizes in the
range of 6 to 17 nm. The HP straight line for
nickel according to Equation (2) is also plot-
ted in Figure 9b wusing the constants
ky; = 21,000 MPa x nm®%and H; = 1,100 MPa
[25]. A comparison with the measured val-
ues of DC-plated materials reveals that no
HP behavior is discernible for the relatively
narrow grain size range investigated [3,
10]. The mean value is on the HP line, but
the values are not parallel to the line. Re-
sults in the literature confirm no HP behav-
ior for hardness in the case of grain sizes
below 25 nm [26, 55].

Annealed specimens after electrochemi-
cal deposition (DC-plated and annealed)
are examined in a much wider grain size
range from nc to mc, from 9 nm to 74 wm
(see open symbols and dashed trend lines
in Figure 9b). The indentation hardness for
nearly all tested iron contents (5.7, 8.8 and
17.7 wt-% Fe) shifts from the HP line of
nickel to higher values taking into account
the scatter. None of the trend lines shown
for the respective iron content is linear.
The trend lines for the largest and smallest
iron contents have a maximum that does
not comply with the smallest grain size.
For very small nc grain sizes and to a lesser
extend the large mc grains, the values
measured are closer to the Hall Petch line
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Figure 10: a) Young’s modulus E; b) 0.01-% offset bending yield strength R, ,,*, and c¢) bending strength R,,* of microbending specimens vs. grain size D with
incorporated Hall-Petch lines of DC-plated as well as DC-plated, and annealed nickel-iron alloys

62 (2020) 3



of nickel. Annealing treatment increases
the hardness as compared to the electro-
chemically deposited state, most in speci-
mens with the highest iron content of
17.7 wt-% (see Figure 9b, open circles).
Very high hardness values are also reached
for the smallest iron content 5.7 wt.-% (see
Figure 9b, open diamond). These are much
higher than for 8.8 wt.-% Fe specimens (see
Figure 9b, open square). However, this is
not understood. Overall, indentation hard-
ness depends on grain size for D > 25 nm.
The trend lines then are almost parallel to
the HP straight line.

Ryo.01™ vs. D93 is shown in Figure 10b. Ac-
cording to Equation (1), the HP line for nickel
is plotted where k; = 7,000 MPa x nm®5 and
6, =370 MPa [25].

For the electrochemically deposited
nickel-iron alloys (DC-plated, crosses), the
Rpo01™ values in Figure 10b approximate
the Hall-Petch line well with an investi-
gated grain size range between 6 to 17 nm
in contrast to the indentation hardness
shown in Figure 9b. These R, * values
are only slightly below those of the HP
straight line. This applies to the selected
edge strain rate of 103 s, At an elevated
edge strain rate 0.1 s not further consid-
ered here, the measuring points lie exactly
on the Hall-Petch straight line [3]. A devia-
tion to significantly lower values results
occurs only for the smallest grain size de-
termined as 5.9 nm.

Annealed specimens after electrochemi-
cal deposition (DC-plated and annealed,
open symbols) have R, * values usually
shifted above the HP straight line (see Fig-
ure 10b). The R4, * values are also higher
than the values of electrochemically depos-
ited (DC-plated, crosses) specimens with
the same grain size, with two exceptions:
For 17.7 wt.-% Fe and annealing tempera-
tures below or at the recrystallization tem-
perature of 240 as well as 260 °C, at which
the grain sizes are 11 and 12 nm (see Fig-
ure 3b) determined through XRD, corre-
sponding to the minimum in Figure 8c. The
maximum yield strength of 3,548 MPa is
observed for the specimen with highest
iron content of 17.7 wt.-% after 220 °C an-
nealing treatment, resulting in 11.6 nm
grain size. Annealing thus also increases
yield strength but not quite as much as
hardness (compare with Figure 9b). Speci-
mens with the lowest iron content of
5.7 wt.-% yield the highest strength at
grain sizes larger than 16 nm, more than
those with 13.5 and 17.7 wt.-% Fe (see Fig-
ure 10b). Grain sizes smaller than approx.
30 nm result in a significant decrease in
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the slope of the trend lines with D05 A
course of the trend lines to maximum is
present for grain sizes below about 30 nm
(5.7 wt.-% Fe) and below 10 nm (13.5 and
17.7 wt.-% Fe). However, HP behavior is ab-
sent at least for these small grain sizes for
the heat-treated nickel-iron layers.

The bending strength of electrochemi-
cally deposited specimens (DC-plated,
crosses) is independent of the measured
grain size range between 6 and 17 nm (see
Figure 10c). Due to the annealing treat-
ments performed, R * deteriorates overall
(compare DC-plated and annealed, open
symbols, with DC-plated specimens,
crosses). By contrast, indentation hardness
improves or increases as a result of anneal-
ing (see Figure 9b). In addition, R,* and
Rpo01* are nearly identical for the annealed
specimens (DC-plated and annealed) over
the entire D05 range investigated. There
are similar trend lines for R,,* and R "
vs. D05 in Figures 10b and 10c. Fracture
strain on the edge and consequently work
hardening are nearly zero. Hall-Petch be-
havior of the annealed specimens (DC-
plated and annealed) is, if at all, most likely
expected to be above 30 nm.

The HP behavior of R o, *, measured in
the range between 17 and 6 nm, applies
very well to the electrochemically depos-
ited specimens (see Figure 10b). Deforma-
tion behavior above a critical grain size, in
this case above 6 nm, would have to be
achieved by dislocation slip. According to
other publications, the strength and hard-
ness of electroplated NiFe-alloys follow
Hall-Petch behavior [7, 15]. However, this
has been obtained for large grain size
ranges of 280 to 10 nm and 8,300 to 10 nm.
In our own results with the rather small
grain size range 17 to 6 nm, the HP behav-
ior does not apply to the R, * and H;; of the
electrochemically deposited specimens
(see Figures 9b and 10c), because hard-
ness and bending strength are not neces-
sarily suitable to characterize HP behavior
due to higher plastic deformation, and, ac-
cording to the definition, the HP relation-
ship describes the yield strength as a func-
tion of grain size [56]. The 0.01% offset
bending strength is, however, relatively
close to the yield strength.

Hardening due to annealing has been ob-
served as well in results from the literature
[29, 37, 38, 41, 45]. The present results
show an increase in Hiy and R g 4, * as com-
pared to the electrochemically deposited
state due to low temperature annealing
treatment (see Figures 9b and 10b). This
applies to all investigated iron contents.

MECHANICAL TESTING

Maximum values of Hj; and Ro,,* were
determined slightly before, shortly after or
at the beginning of recrystallization tem-
perature (see Figures 3, 7 and 8). Recovery,
however has already begun in all cases (see
Figure 2). It should be noted that grain size
and microstrain measurements using XRD
provide only mean values. Thus, at maxi-
mum hardness or maximum 0.01-% offset
bending yield strength, the mean grain
sizes here are almost unchanged or slightly
larger, possibly with a bimodal structure.
The highest iron content of 17.7 wt.-%
causes the strongest increase in hardness
through low-temperature annealing. In one
case, this also applies to R, *. From the
maximum values, all hardness and
strength values drop with rising annealing
temperatures (see Figures 7 and 8). One
reason for this is the relatively low thermal
stability of the microstructure of the nickel-
iron alloys (see Figures 2 and 3).
Hall-Petch behavior and the linear de-
pendence of strength and hardness of D05
is not visible in annealed specimens with
grain sizes below about 30 nm (see Fig-
ures 9b, 10b and 10c). Grain sizes larger
than 30 nm tend to show an approx. linear
characteristic with D05, For the various
iron contents, starting from nc crystals af-
ter low-temperature annealing, indentation
hardness and strength converge, respec-
tively, to approx. the same values for the
microcrystalline structures after raising
the annealing temperature up to 800 °C.
The increase in strength and hardness by
annealing at low temperatures as well as a
decrease in ductility could be caused by the
segregation of sulfur and iron atoms, for
example, at the grain boundaries [37]. In
addition it is also believed, that the reduc-
tion of microstrains and thus of lattice de-
fects such as dislocation density stabilize
the grain boundaries and make the mate-
rial stronger and more brittle, especially at
low annealing temperatures [29, 40]. Hard-
ening mechanisms change through anneal-
ing. In a solely electroplated condition, dis-
location gliding can be assumed according
to the HP behavior down to grain sizes of
almost 6 nm. After low-temperature an-
nealing, hardening mechanisms of the
grain boundaries may also occur, which are
inhibited by segregations. According to the
literature [38], as a result of the heat treat-
ment, both may have a strengthening ef-
fect, Hall-Petch behavior as well as addi-
tional precipitation hardening. This could
also be the case here for Ry,,*. The HP
line from Equation (1) [25] is quite parallel
and close to the conditions of electrochemi-
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cal deposition with nc grains (crosses) and
close to states of electroplated and an-
nealed ufg grains as well as to states of mc
grains (see open symbols, Figure 10b) of
secondary recrystallization. Most other
Rpoo1* values are above the HP straight
line. These excess strength values could be
explained by the effects of segregations
and of reduced microstrains [29].

When considering indentation hardness,
an HP straight line for nickel according to
Equation (2) provides the basis [25] (see
Figure 9b). As mentioned, the values of
electrochemically deposited nickel-iron are
in the middle of the HP straight line
(crosses). The individual values do not
show any grain size dependence. H;; val-
ues, as result of the annealing, are shifted
considerably above the HP straight line.
For the smallest grain sizes, the H,; values
of the HP straight lines partially approach.
This behavior is to some extent similar to
that of Ry 5, * given in Figure 10b. In con-
trast to Rq0,*, Hyp values for the largest
grain sizes are clearly distant from the HP
straight line. Hence, the alloying of nickel
with iron and the heat treatments exhibit
hardening effects. Hyy and R o, * are maxi-
mum due to the small grains of 30 to 10 nm
and are likely due to the segregations at
the grain boundaries as well as due to the
reduction of the microstrains. Because of
the low thermal grain boundary stability of
the investigated alloys, an increase in hard-
ness, as with the D! dependence of [29],
cannot be observed.

At higher annealing temperatures, larger
grains and larger precipitates are formed
owing to the low thermal stability of the
segregations. As a consequence, hardness
and strength decrease. Fracture strain on
edge remains very low, as the dislocation
density is very low due to the low micro-
strain measured and the precipitates can
act on the embrittling. Presumably increas-
ing the similarity of the microstructure for
different iron contents as a result of high
annealing temperatures leads to identical
mechanical properties.

| Summary and Conclusions

Within this study, the microstructure and
mechanical properties of electrochemi-
cally deposited and subsequently an-
nealed nickel-iron alloys have been inves-
tigated. Nickel-iron layers are deposited
on copper discs using direct current. De-
fined alloying and microstructural param-
eters such as iron content, grain size and
microstrain are systematically influenced

via current density [3,10]. In characteriz-
ing thermal behavior, the effect of heat
treatment on the microstructure and the
associated mechanical properties have
been examined. XRD microstructure anal-
yses, instrumented indentation and mi-
crobending tests were performed before
and after heat treatment.

If variation in the annealing temperature
is taken into account, the following changes
can be observed in the microstructure and
in the mechanical properties:

e The microstructures of the nc-nickel-
iron alloys investigated with 5.7 to
17.7 wt-% Fe are thermally rather unsta-
ble. Reduction in microstrain initiates
before grain growth starts. Recovery
therefore begins at 200 to 240 °C. Pri-
mary recrystallization starts at 220 to
260 °C. A higher iron content has a
slightly improved thermal stabilizing ef-
fect. After recrystallization, precipitates
with higher sulphur contents can be ob-
served [10, 47]. Presumably, already be-
fore recrystallization and before recov-
ery, dissolved atoms of impurities or al-
loys occur at the grain boundaries as
described in the literature [42]. These
and decreasing microstrains have some
stabilizing effect on the grain bounda-
ries and the microstructure and thus in-
fluence mechanical behavior.

The modulus of indentation as well as
Young’s modulus are not significantly
influenced by the iron contents investi-
gated, both after electrochemical deposi-
tion and after the respective annealing
treatments. The values of the indenta-
tion module E;; are always higher than
those of Young’s modulus E. After elec-
trochemical deposition and before an-
nealing, E; is approx. 200 GPa and E is
approx. 165 GPa. E;; and E change from
the beginning of the recovery. E;; rises
up to 300°C to a plateau of about
250 GPa and drops significantly beyond
400 °C down to 145 GPa for the speci-
mens annealed at 800 °C. E reaches a
maximum for 260 or 280 °C of approx.
160 GPa and then considerably de-
creases for 800 °C to about 105 GPa.
This is well below the initial electro-
chemical deposition values.

Indentation hardness H;; rises before
measuring the beginning of recovery.
The maximum of H,; is achieved by an-
nealing directly after or at the beginning
of recrystallization. H;; subsequently de-
creases and after secondary recrystalli-
zation at 800°C drops significantly,
down to 40 % of the initial value after

electrochemical deposition. Specimens
with a higher iron content of 17.7 wt.-%
yield higher hardness values.
e The 0.01-% offset bending yield strengths
Rp001 * change less until the beginning of
the recovery. The maximum values of
Rpo01* for all three iron contents occur
before the beginning of the recrystalliza-
tion. Subsequently, the Ry, * values de-
crease, and, after 800 °C annealing,
reach 8 to 9% of the initial values after
the electrochemical depositions.
Extremely high bending strengths R, *
of the electrochemically deposited state
already decrease rapidly after annealing
at low temperatures of 200 °C. They are
identical to R, ,* for further increasing
annealing temperatures. Accordingly,
the fracture strain on the edge of electro-
chemically deposited specimens already
decreases after annealing at 200 °C to
zero and increases only slightly after an-
nealing at 800 °C.
Hardening at low temperature annealing
at the beginning of recrystallization is
shown by increases in Hyp and R, * as
compared to the electrochemically de-
posited initial state. As described in the
literature, this might be associated with
segregations at the grain boundaries,
and, after initial recovery, with a partial
reduction of microstrains and disloca-
tions. The resulting stabilization of the
grain boundaries impedes plastic defor-
mation and increases Hyy and R, *, but
reduces R * and ductility.
Taking into account the grain sizes of the
annealed microstructures, determined by
X-ray diffraction, the following results have
been obtained for the mechanical proper-
ties of the nickel-iron alloys investigated:
* For the indentation modulus E; after an-
nealing, values show an increase due to
modified microstructures during in-
creasing grain sizes from the nc range of
approx. 10 nm (from 220 °C) to the ufg
range of approx. 250 nm (400 °C). Only
after secondary recrystallization at
800 °C in the microcrystalline range
does E;; drop, in some cases signifi-
cantly. The Young’s modulus E also re-
flects changes with the heat treated mi-
crostructures and grain sizes, but is dif-
ferent from E,;.
Hall-Petch (HP) behavior is observed
only for Ry,,* with electrochemically
deposited specimens for grain sizes in
the range of 6 to 17 nm investigated.
e The HP straight line [25] corresponds
well with the R, * values of the elec-
trochemically deposited specimens and
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moderately with the values of the speci-

mens annealed at higher temperatures

with grain sizes in the ufg and mc range.

All Ry, * values above the HP straight

line indicate strengthening in addition to

grain size effects by segregations and
lower microstrains in the material. The
curve for the bending strength R * vs.

D05 is very similar to that of R, *. By

definition, however, the HP relationship

only applies to the yield strength.
¢ In the case of indentation hardness H;,
only the mean value of the electrochemi-
cally deposited specimens tested corre-
sponds to the HP straight line [25]. Any
other H,; values of the annealed speci-
mens deviate from the HP straight line to
higher values and show an almost linear
behavior for grain sizes > 30 nm only.
In all, electroplated nanocrystalline nickel-
iron alloys exhibit excellent strength and
hardness values because of their extremely
small grains. Strength R,,,* increases
with decreasing grain size according to HP.
With a critical grain size, here 6 nm, R o,
deviates to smaller values from the HP
straight line. Thereafter, as described in
the literature, grain boundary deformation
mechanisms dominate.

By contrast, specimens annealed at low
temperatures with very small grain sizes of
about 10 nm manifest a deviation from the
HP straight line to higher values for R,
and for hardness. This occurs around the
beginning of the recrystallization tempera-
ture and after the recovery temperature,
each determined through XRD. The behav-
ior referred to in the literature as harden-
ing annealing is explained by a decrease in
microstrain and an anchoring of the grain
boundaries by impurity and alloy atoms as
well as by ultra-fine precipitations and ad-
ditionally acts to grain size hardening. Due
to the low thermal stability of nickel-iron
alloys, precipitates and grains increase at
still low annealing temperatures and
strength and hardness decrease.

Significantly higher thermal stability
with good mechanical properties can be
achieved by alloying nickel with phospho-
rus, molybdenum, tungsten, or yttrium as
well as composite materials with embed-
ded nanoparticles.
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