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Abstract. Sub-micron and nano-size material systems and components are now regularly being
fabricated for use in a wide variety of new applications. These systems exhibit mechanical
properties that can be drastically different from their macroscopic counterparts and recently
much work has focused on the size effects on the mechanical behaviour of materials. Although
the size dependent behaviour has been observed in all of the crystal structures, the governing
mechanisms have been found to be different. Different theories have been proposed to describe
the size dependent behaviour of metallic samples and the governing mechanisms and it is well
known that the surface plays an important role in the plasticity of small scales. Some of the
theories indicate the importance of surface in nucleating dislocation and some other ones consider
the surface importance as its effect on truncating dislocation loops and activation of internal
sources. Moreover, recent studies have revealed that while dislocation based deformation in fcc
metals is not very sensitive to temperature, deformation is strongly temperature dependent in
bcc metals. The effect of orientation is more clear in the size scale behavior of hcp metals. This
review covers recent literature that has focused on uniaxial compression of single crystals at the
sub-micron and nanometer scale. The fundamental mechanisms governing the size dependent
mechanical behaviour of different crystal structures are described. The effect of fabrication process
and current experimental techniques for micro and nano-compression are studied as well.

1. INTRODUCTION oms [2]. As aresult, the physical and chemical prop-
erties of materials can be significantly different near
the surface. The physical change results in a change
in the surface energy, residual stress, and vacancy
distribution as to facilitate the surface nucleation of
defects [2,3]. The influence of the surface effect on
the properties of the nano-scale sample is directly
associated with the surface to volume ratio and ob-
viously, the proportion of surface in the total volume
of the sample will become higher when the physical
dimension of the materials becomes smaller, result-
ing in increasing significance of the surface nuclea-
tion of defects.

Surfaces and interfaces can have a strong effect
on the mechanical properties of nanostructures. In

Nano-scale objects often exhibit properties that can
be drastically different from their macroscopic coun-
terparts, making them suitable for a wide variety of
new applications, like micro/nanoelectromechanical
systems (MEMS/NEMS) or advanced composite
materials. Structural modifications usually occur due
to surface relaxation or reconstruction, which both
mechanisms resulting in surface energy minimiza-
tion, while adding an extra contribution to surface
stress [1]. As the sample dimension becomes small,
the effect of nucleation at the surface becomes sig-
nificant. Surfaces naturally introduce layers of at-
oms where their coordination number and the elec-
tronic structure are different from that of internal at-
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the elastic regime, the Young’s modulus can change
compared to their bulk counterparts, due to the sur-
face stress, and hence facilitate or hinder the defor-
mation of the nanostructure, as a result of decreas-
ing or increasing the elasticity coefficients. In the
plastic regime, deformation mechanisms can be
different in bulk materials and in nanostructures. For
instance, the dislocation starvation process is one
of the theories that has been proposed to explain
the first stages of plastic deformation in
nanostructures. Moreover, surface plays more im-
portant role in deformation of nanostructures since
it acts as source of dislocation nucleation and sur-
face diffusion could also affect the plasticity at nano-
scales [4-6]. However, like bulk materials, bounda-
ries between nanograins, are also affecting plastic-
ity by emitting or absorbing dislocations or favoring
the deformation by mechanisms like twinning [7,8].

Recently, with the advances of nanotechnology
and fabrication of nano-scale material there has been
a great deal of interest in investigating the plastic
deformation of nano-scale materials, such as
nanograined, nanotwinned and nanostructured met-
als and a huge amount of research has gone into
understanding dislocation-based plasticity at the
nano-scale to achieve fundamental knowledge of
plasticity of this scale, and provide design guide-
lines for reliable mechanical devices in the field of
nano- or microelectromechanical systems [8-25].
By controlling the size of grains and producing
nanocrystalline metals whit grains smaller than 100
nm, strength levels can be easily exceed 4-5 times
higher than those with micron level grain sizes.
Recent experiments have also shown that the high
density of nano-scale growth twins in nanograined
metals dramatically elevates the strength while pro-
viding considerable ductility [9,10,23,26].

In bulk samples, the effect of microstructural
scale on mechanical strength is understood either
in terms of dislocation pile-up ideas or obstacles to
dislocation migration [27]. However, these concepts
cannot completely describe the behavior as the
microstructural scales reaches dimensions as small
as the average spacing between dislocations [28].
One of the major current focus in the
nanomechanical community is the investigation of
single crystalline strength at reduced dimensions
through uniaxial deformation of micro or nano-sized
samples [29]. At this scale and as metal sample
sizes decrease to nano-scale, they are expected
to contain few or no dislocations, and strength is
commonly controlled by dislocations nucleated dur-
ing plastic deformation which tend to escape the
crystal by annihilating at a nearby free surface, a
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condition known as hardening by dislocation star-
vation [30-34]. Such ideas have been used to un-
derstand the deformation of nanometer-sized speci-
mens [28].

Recent studies on the compression of single
crystalline micro and nano-sized samples have in-
dicated that the strength of crystalline metals, in-
dependent of sample size in bulk, increases dra-
matically as the sample size decreases to the nano-
scale [6,28,31,35-41]. Size scale effects on strength
and plasticity in nano-sized metals can be divided
into geometry dependent and microstructure de-
pendent effects [42] or as some scholars classi-
fied, extrinsic and intrinsic size effects. Different
kinds of size effect have been reported in the last
decade: external geometric size in single crystals,
where the attained material strength inversely scales
with sample dimensions, i.e. thin film thickness or
nanopillar diameter due to defect interactions with
free surfaces [43]. One such example is, Greer and
Nix [6,36] studies on electroplated Au micro/
nanopillars which resulted in conclusion that the
overall sample dimensions artificially limit the length
scale available for plastic processes and thereby
significantly increase the material yield strength.
According to Nix et al. [35], below a critical diam-
eter, the traditional dislocation multiplication mecha-
nisms that control work hardening stop operating
and dislocations freely traverse the sample. In this
dislocation starvation condition, the sample size is
much smaller than a breeding constant for disloca-
tion multiplication and all mobile dislocations will
be annihilated at free surfaces before interacting with
each other, so continuing plastic deformation is only
possible if the applied stress is large enough to
nucleate new dislocations [25,44]. This is also true
when crystalline materials are indented at the
nanometer scale. For this size indentation, the crys-
tal volume probed is in fact so small as to be dislo-
cation free. As aresult the indentation curve is char-
acterized by elastic loading followed by discrete
displacement bursts (so called “pop-ins” [31,45-47]),
associated with the dislocation nucleation [32].
Therefore, dislocation nucleation, either at
nanomaterial surfaces or interiors, plays an impor-
tant role in determining nanomaterial strength within
the “Dislocation Starvation” regime [44]. However,
the size effect is not similar for different structures
and as an example while FIB-fabricated bcc Mo and
Nb nanopillars also show size effects in their flow
curves, the fundamental of this size dependent
strength is quite the opposite and rather than anni-
hilating at the free surfaces, dislocations in bcc
metals have been found to form intricate networks
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as a result of mechanical deformation even in the
smallest pillar size of ~200 nm diameter [48,49].
Moreover, strength at the nano-scale depends not
only on specimen size but also on the specimen
and loading geometries. The importance of geom-
etry was demonstrated in comparisons of indenta-
tion results of Al thin films and nanowires, where it
was shown that nanowires are much weaker than
thin films of the same minimum dimension [50].

Till now many research has been done on the
size effect at different crystal structures. Strong size
effect has been observed in face-centered cubic
[35,51-54], body-centered cubic [48,55-58], hexago-
nal closed packed (hcp) [59-66], tetragonal [67-71]
and rhombohedral [72] metals with a zero or small
initial dislocation density that a smaller-is-stronger
size effect operates, whereby smaller physical di-
mensions are accompanied by a pronounced in-
crease in mechanical strength. About the fcc struc-
ture, the mechanism of deformation at small scale
is well defined and investigated. However, about the
bcc and hep crystals, the active deformation mecha-
nisms appear to be more complicated. Deformation
in bulk bcec metals is governed by screw dislocation
which its behavior and the effect of edge dislocation
have been on the interest in small scales. Due to
the limited slip systems in the hcp crystal structure
compared to cubic metals, deformation may be
accommodated by mechanical twinning, as well as
by dislocation plasticity. Moreover, since the
crystallographic texture greatly influences the shear
stress necessary to activate slip, the effect of ori-
entation in the deformation of bcc and hcp metals
has been on the interest [73]. In this review, the
main theories and proposed mechanisms for defor-
mation of fcc, bcc and hcp single crystals under
compression loading are studied and compared to-
gether. The main focus is on the sub-micron and
nano-scales, since the plasticity at the micron-scale
has been documented well [43,74].

2. NANO-COMPRESSION TEST

There are many methods used to study the me-
chanical properties of materials. For the
nanomechanical properties, the possibility of using
allthese methods is reduced because of either tech-
nical or monetary reasons. The methods that have
been applied to study nano or small scale mechan-
ics are as follows: nanoindentation [75], uniaxial
compression [35], uniaxial tension [76], three/four-
point pressing [77], the crack propagation [76], the
plane-strain bulge test [78]. All these methods should
presumably lead to the same conclusion about a

certain property. However, there are some proper-
ties that cannot be studied by all of the mentioned
methods. For example, the yield strength cannot
be determined by nanoindentation. The physical
property of the sample is another factor that limits
the applicable tests, nanoindentation can not be
applied on graphene since there is no thickness for
graphene to be penetrated. Moreover, there is some
inaccuracy with experimental condition. For exam-
ple, nano-indantation with sharp tips introduces a
nonuniform distribution of the mechanical strains or
strain gradients within the contact area. The cost of
the experiments is another factor that limits the avail-
able techniques for studying material properties at
the nano-scale. For instance, uniaxial tensile test
of nanopillars is very costly and requires more com-
plicated procedure in sample fabrication and experi-
mental testing [79].

In light of the above factors, the most common
technique for exploring nano-scale mechanical prop-
erties with the fewest limitations and drawbacks —
especially that of the presence of strong strain gra-
dients —is the uniaxial compressive loading of cylin-
drical nanopillars which was first introduced in 2004
by Uchic et al. [35] for compression of micro-sized
pillars, and later extended to the nano-scale com-
pression in 2005 by Greer et al. [36]. In these test,
mimicking the bulk compression experiment, com-
pression is applied using a diamond flat punch which
could be controlled by a nanoindentation pendulum
or an AFM tip, and the load displacement curve is
simultaneously drawn as the pillar or particle com-
presses [28,79]. Experiments can be executed ei-
ther under loading rate control or displacement rate
control [28]. The most significant difference of this
test than bulk compression test is that the nano-
compression samples are not freestanding and they
remain integrally attached to the bulk substrate to
eliminate the need for nanomanipulation. In result,
the substrate acts as the lower compression platen
in this test [74].

2.1. Experimental approaches

Nanoindentation is the most general technique that
has been used for studying nano-scale material
behavior under compression, due to it's capability
of applying force on a specific point with high con-
trol accuracy (loading rate control of micro-newtons
per second and displacement rate control of
nanometres per second). Nanoindentation, or
instrumented indentation is a technique, appeared
in the early 1980s and consists in measuring the
force and displacement of a hard tip forced into the
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Fig. 1. Pictures of the SEMentor (SEM + Nano-indenter) and the inside of chamber. Reprinted with permis-
sion from Kim JY, Greer JR. 2009. Tensile and compressive behavior of gold and molybdenum single
crystals at the nano-scale, Acta Materialia 57 (94), (c) 2009 Elsevier Ltd.

material. The load and displacement are measured
through a change in capacitance between a refer-
ence and a movable electrostatic plate attached to
the tip [80,81]. Oliver and Pharr [82], who have played
aleading role in presenting models for quantitative
nanoindentation, have presented a general overview
on the development and recent advances of
nanoindentation techniques [82]. In situ
nanoindentation was reviewed in 2006 by Schuh [78],
in which an excellent overview of in situ techniques
with particular emphasis on technological advance-
ments was provided. Nili et al. [83] traced develop-
ments and pinpoints significant recent advances,
with emphasis on the applications of in situ
nanoindentation techniques to materials systems,
and highlighting the new insights gained from these
in situ techniques.

Recently and with the advancement of technol-
ogy, hanoindentation has been combined with dif-
ferent microscopic techniques to make it possible
to observe material behavior during the deformation
and investigate active mechanisms while the ex-
periment is doing and in situ experimentation has
gained significant attention due to its ability to en-
hance material characterization. Performing
nanomechanical tests inside of a microscope de-
vice with real-time imaging, elucidate the specific
deformation mechanisms that occur, as well as its
occurrence time, and thus allows us a better under-
standing of the material’s properties and overall per-
formance [83,84].

As Ghisleni et al. [85] pointed out, the main ad-
vantage of in situ SEM indentation techniques is
the continuous observation of the surface deforma-
tion during the application of an external load on the
specimen surface by an indenter. The large field of
view, which helps to locate the feature of interest,
and the sub-micron precision positioning allowed
by the high magnification available through the SEM
are the other advantages of doing nanoindentation
in SEM instrument [85]. By performing the
nanoindentation experiments in situ with a SEM
instrument, one can observe how the specimen
deforms under an applied load, which allows corre-
lating the variation in the load-displacement curves
to the variation in the specimen’s topography. In
particular, the influence of coating failure such as
delamination, crack formation and propagation [86-
90], and surface shear band formation [90-93] can
be correlated to a single discontinuity in the load-
displacement data. Fig. 1 shows the Greer group’s
[94] in situ mechanical tester, SEMentor, in which
the dynamic contact module (DCM) of the
nanoindenter (Agilent Corp., Oak Ridge, TN, USA)
inserted into a free port in the SEM (FEI Quanta
200, FEI Company, Hillsboro, OR, USA) and
equipped with a custom-fabricated conductive dia-
mond tension/compression grips. Instrumentation
companies like Hysitron, has provided Picolndenters
that could be installed on the SEM and used for in
situ mechanical testing. However, even though in
situ SEM indentation can observe the deformation
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Fig. 2. Schematic diagram of an in-situ nanome-chanical tester integrated with the cryogenic system.
Reprinted with permission from Lee SW, Cheng YT, Ryu |, Greer JR. 2014. Cold-temperature deformation of
nano-sized tungsten and niobium as revealed by in-situ nano-mechanical experiments, Science China-

Technological Sciences 57: (c) 2014 Springer Nature.

on the surface of the indented specimen, some
physical phenomena that might take place under-
neath the surface such as phase transformation, or
nucleation and propagation of dislocations are hardly
visible by SEM observation.

Lee et al. [95,96], developed an in-situ cryogenic
nanomechanical testing system by combining the
nanomehcanical tester (INSEMTM, Nanomechanic,
inc), SEM (Quanta, FEIl), and cryogenic systems
(Janis Research Company, LLC), to study small-
scale mechanical behavior of materials at low tem-
peratures. Fig. 2 shows the schematic diagram of
cryogenic system consisting cold finger, Si-diode
temperature sensors, joule heaters, radiation
shielded oxygen-free high thermal conductivity cop-
per (OFHC) lines, vacuum shielded coolant transfer
line, the liquid nitrogen dewar, and temperature con-
troller [95].

Following early load sensor integration develop-
ments, in situ TEM mechanical testing with quanti-
tative load measurement including mechanical prob-
ing modes such as nanoindentation expanded to-
ward commercialization in the last decade [97].
These developments are particularly useful for con-
ducting size effects experiments, whereby quanti-
tative in situ TEM mechanical testing is an ideal
tool for studying the origin and principles of the
material deformation through dislocation and twin-

Dislocation activity
. Shear-grain boundary |
. Deformation twinning
. Sliding
. Grain rotation and coal

bW =

Fig. 3. Schematic of various deformation mecha-
nisms that can be studied by in situ TEM mechani-
cal testing. Reprinted with permission from Yu Q,
Legros M, Minor AM. 2015. In situ TEM
nanomechanics. Mrs Bulletin 40, [97]: (c) 2015
Cambridge University Press.

ing observation. Fig. 3 shows some the of involved
deformation mechanisms in size effects which can
be studied by in situ TEM.

Various approaches of mechanical testing inside
a TEM exist today. They span from using TEM hold-
ers with a simple mechanical actuation to elabo-
rated testing units that fit inside the pole pieces.
From 2003 to 2005, Hysitron® and Nanofactory In-
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Fig. 4. Examples of in situ TEM mechanical testing techniques: (a) Tip of a classical straining holder (b)
sketch of the various types of straining configurations used in nanoindentation holders, (c) Push to pull
device with a Hysitron P1-95 nanoindenter. Reprinted with permission from: Legros M. 2014. In situ me-
chanical TEM: Seeing and measuring under stress with electrons. Comptes Rendus Physique 15, [98]: (c)
Elsevier Ltd. Carlton CE, Ferreira PJ. 2012. In situ TEM nanoindentation of nanoparticles. Micron 43 [105]:
(c) Elsevier Ltd. Kacher J, Yu Q, Chisholm C, Gammer C, Minor AM. 2016. In Situ TEM Nanomechanical
Testing. In: Prorok B., Starman L. (eds) MEMS and Nanotechnology, Volume 5. Conference Proceedings of

the Society for Experimental Mechanics Series [106]: (c) 2014 Springer Nature.
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Fig. 5. The effect of E-beam on the mechanical
behavior of an amorphous silica particle. The con-
tact pressure decreased about four times when elec-
tron beam was switched from off (black curve) to on
(red curve). The insetis a frame from the recorded
movie during compression test. Reprinted with
pesrmission from Shan ZW. 2012. In Situ TEM In-
vestigation of the Mechanical Behavior of
Micronanoscaled Metal Pillars. Jom 64, [105]: (c)
2014 Springer Nature.

struments AB® companies further implemented the
indenting holders by adjoining them a micro load
cell [98].

In the recent years, nanoindentation, AFM,
MEMS-based testing device and scanning tunneling

microscope [99] probe were integrated with the TEM
platform [97,98,100]. In situ mechanical testing via
nanoindentation, AFM and MEMS device have re-
vealed novel deformation phenomena and size de-
pendent responses in nano-sized materials
[28,59,101-104]. Different holder setups have been
developed based on the desired mechanical test
and sample geometry (Fig. 4).

For compression tests carried out inside TEM,
one of the main concern is always whether the high
energy electron beam (e-beam) affect the measured
mechanical properties or not. The answer is, for
materials with metallic bond, no obvious effect has
been observed so far [105]. However, for materials
with covalent and ionic bonds, significant e-beam
effect has been confirmed. One typical example is
Zheng et al. [106] study on amorphous SiO2
spheres. As they found during the compression test
at room temperature, the flow stress can be de-
creased by four times when the e-beam is illumi-
nating the sample comparing the condition e-beam
is shielded from the sample (Fig. 5) [105].

With the advent of the atomic force microscope
(AFM) and specialized depth sensing indenters, the
probing of mechanical properties on the micro- and
nano-scale under ultra- low loads has become pos-
sible [33]. This advancement in technology has
proven useful for understanding the mechanical
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electron beam

Fig. 6. Mechanism of the experiment used by Sun
et al. [115] to study deformation of nano sized metal
crystals: Graphitic shells encapsulating a metal
crystal (a) are punctured by a focused electron beam
(b). Successive electron irradiation of the container
leads to the contraction of the shells and extrusion
of the metal crystal (c). The red circles indicate the
diameter of the electron beam. Reprinted with per-
mission from Sun LT, Krasheninnikov AV, Ahigren T,
Nordlund K, Banhart F. 2008. Plastic Deformation
of Single Nanometer-Sized Crystals. Physical Re-
view Letters 101, [115]: (c) American Physical So-
ciety.

behavior of micro- and nano-scale materials 107-112,
As an example, a Hysitron SPM-3800 Atomic Force
Microscope (AFM) with a pyramidal-shape Berkovich
diamond indenter was used by Gan et al. [113], to
perform the nanoindentation measurements of the
individual phases. Wood et al. [114] used AFM
nanoindentation to examine the local plasticity and
size dependent hardness of bimetallic Ni-Au NWs
with small dimensions attached to chemically
functionalized flat substrates.

In a different method than all the mentioned ex-
perimental approaches for nano-compression, Sun
et al. [115] designed graphitic cages that contract
under electron irradiation and used them as
nanoscopic deformation cells for in situ electron
microscopy observations of the plastic deformation
of individual nanometer-sized Au, Pt, W, and Mo
crystals. The principle of their experiment is shown
schematically in Fig. 6.

2.2. Sample fabrication and its effect

Similar to the bulk compression test, sample is pre-
ferred to be cylindrical in shape, for load displace-
ment to stress strain conversion. Moreover, a TEM
sample must have a specific geometry, such as a
free half-space (Fig. 4b) in front of the electron-trans-
parent zone. The use of cylindrical nanopillars with
a constant section deformed by flat punch tips is
the easiest way to measure stress from load values
[28,35,116].

Experimental techniques such as electron-beam
lithography [117-123], scanning tunneling

microscopy [124,125], scratch lithography [126] with
atomic force microscopy [127], cluster-beam depo-
sition of metallic etch masks [128-130], nanosphere
lithography [130-138], laser irradiation [139-141] have
been used to fabricate nano or micropillars. How-
ever, not all of them are suitable for the fabrication
of nano and micro-compression samples, mainly
because they don’t make pillars with the uniform
cross section along the sample height. Moreover,
some of the mentioned techniques are difficult to
be applied for metallic pillar fabrication.

Following the approach of fabricating micropillars
by utilizing focused ion beam (FIB) machining to
etch patterns of interest, which was developed by
Uchic et al. [35] and used by Greer et al. [36], Greer
and Nix [6] extended this technique to much smaller
pillars in the scale of nano. The fabrication of
nanopillars by FIB is relatively easy, site-specific
and can be applied to a wide range of materials.
The principles of pillar fabrication with this method
has been described in [142,143], and [144]. Till now,
many scholars have used this method to fabricate
sub-micron and nanopillars [6,25,28,40,41,49,
94,145-148].

Although FIB milling became a key technology
in small scale mechanics, its side effects raise se-
rious concerns about the validity of mechanical data.
When the Ga* ions hit the sample surface during
FIB imaging or milling process, structural defects
such as point defects and dislocation loops, or even
amorphization are induced into the surface due to
the knock-on displacement and/or Ga* implantation
[149,150], as revealed by transmission electron
microscopy [28,151-154], X-ray diffraction [155] and
atom probe tomography [156]. The FIB effect on
dislocation density cannot be ignored when plastic-
ity of small scales is studied and is already known
to significantly affect the mechanical properties [25].
The thickness of the damaged layer could be around
10 to 100 nm, depending on the material and ex-
perimental conditions [150,152,156]. Therefore, com-
pression tests of sub-micron and nanopillars fabri-
cated by FIB milling, may measure the composite
mechanical response of a material and its FIB-modi-
fied surface rather than measuring the intrinsic prop-
erties of a material [146]. According to Lee et al.
[157], surface damage induced by FIB irradiation,
such as surface roughness or injected dislocation
loops, would reduce the yield strength of a defect-
free crystal, since facilitates dislocation nucleation
at surface. The effect of Ga* implantation is not lim-
ited to mechanical properties, but can also change
the physical properties and the thermodynamic sta-
bility [149]. Therefore, compression tests of
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(strength is taken as the flow stress at 5% plastic
strain). Adapted from [55] and [60].

nanopillars fabricated by FIB milling, rather than
measuring the intrinsic properties of a material, may
measure the composite mechanical response of a
material and its FIB-modiled surface. Moreover, the
induence of this damaged surface layer increases
with decreasing specimen size. Hence, character-
izing the effects of the FIB damaged layer on me-
chanical properties is important in interpreting the
results of nanopillar tests. Remarkably, pillars pre-
pared by FIB milling, exhibit a strong size depend-
ent strengthening and as the pillar diameter becomes
smaller, its flow stress increases as a power law:
o=d™", where d is the pillar diameter and n lies be-
tween 0.6 and 1 for fcc metals
[25,30,31,36,41,51,74,94,145,158-163], 0.22 and
0.45 for bcc [30,41,48,55,58,94,160,164-169]. Hex-
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agonal close-packed materials also appear to fol-
low a power law, but with a lack of data the scaling
behavior is less clear [66,165,170-172] and very
dependent to the loading orientation so that Aitken
et al. [170] found n to be 1.11 for AZ31 nanopillars
oriented for basal slip and 0.36 for those compressed
along the c-axis. The mechanical size effect on Au
(fcc), Mo (bece) and Ti (hep) is shown in Fig. 7, which
illustrates the stress at 5% strain as a function of
diameter. Because of possible slight misalignment
in the initial stages of deformation, Gow stresses at
2.5% to 10% strain and when full contact is estab-
lished, have been compared in papers rather than
yield stresses, which cannot be unambiguously
delined in the experiments [37].

Shim et al. [173], showed that by doing ion bom-
bardment parallel to the surface (glancing inci-
dence), the range of penetration of Ga ions into the
surface can decrease significantly, compare milling
with normal incident angle (Fig. 8).

However, it was shown that other mechanisms
such as “mechanical annealing” can remove this
ion damage [28]. Greer and Nix [6] decreased the
Ga" ion concentration by removing the conformal
surface layer by etching the rotating pillar in low-
energy Ar* plasma and annealing. Lee at al. [174],
showed that dislocation loops formed by the high-
energy Ga* ion beam impact near the surface of
sub-micron Al pillars can be removed by in-situ TEM
annealing at around half of the melting point (T ).

Burek and Greer [175,176] used Electron Beam
Lithography coupled with Electroplating technique
to create isolated, vertically oriented, and virtually
taper-free metallic nano-scale mechanical testing
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Fig. 8. Results of stopping and range of ions in matter (SRIM) calculations for 30 keV Ga ion penetration
into pure Mo at (a) glancing incidence (1°) and (b) normal incidence (90°). Reprinted with pesrmission from
Shim S, Bei H, Miller MK, Pharr GM, George EP. 2009. Effects of focused ion beam milling on the compressive
behavior of directionally solidified micropillars and the nanoindentation response of an electropolished sur-
face. Acta Materialia 57: (c) 2009 Elsevier Ltd.
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from Greer JR, Nix WD. 2006. Nanoscale gold pillars strengthened through dislocation starvation. Physical
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specimens with diameters from 750 down to 25 nm.
According to Burek and Greer [175], this fabrica-
tion method allows control over the pillar microstruc-
ture from nanocrystalline to single crystalline. The
process had already been used by Greer et al. [6,36]
to fabricate micron and nano-scale gold pillars and
investigate the effect of fabrication process on size
effect behavior at these scales. Fabrication method
involves lithographic patterning of polymethylmeth-
acrylate (PMMA) resist with electron beam, follow-
ing by metal electrochemical deposition into the
prescribed resist template. Fundamentally, this fab-
rication approach is analogous to other template-
based syntheses wherein one-dimensional
nanostructures are fabricated by electroplating into
the pores of either polycarbonate or alumina mem-
branes. As Burek and Greer [175] claimed, the proc-
ess has several advantages over the conventional
FIB milling of nanopillars. At first, by replacing FIB
fabrication with a procedure that does not utilize ion
bombardment, the metallic nanopillar crystalline
structure is absent of Ga* ion damage. At second
electroplating makes it possible to fabricate pillars
smaller than 100 nm, which is difficult using other
methods [52,76,177]. Third, when optimized this
fabrication method greatly reduces pillar tapering
relative to FIB fabrication and virtually eliminates the
presence of any appreciable strain-gradients in the
deformation process. Finally, the FIB fabrication
process is inherently slow and significantly limits

the sample throughput time. Moreover, the process
can be easily applied for the fabrication of more
complicated geometries like hollow cylindrical
nanopillars [69].

According to Greer and Nix [6], the electroplated
pillars, which were never subjected to the Ga* ions,
not only have flow stresses higher than bulk metal
but also exhibit a similar rise in strength as the di-
ameter is reduced (Fig. 9). As they observed, the
Ga*removal and pretest-annealing resulted in data
that falls on the curve formed by the FIB pillars.
Jennings and Greer [52,76] fabricated Cu nanopillars
without the use of Ga* and containing several initial
dislocations, with electroplating technique and ob-
served an identical size effect to the ones fabricated
by FIB (Fig. 10). As Greer and Nix [6] concluded,
the observed size effect in small scale is not linked
to a specific fabrication technique. While some mini-
mal Ga* might be present on the surface of the pil-
lars, itis not a major contributing factor in the strength
increase. The same conclusion was reached by
Dietiker et al. [178], as they compared the behavior
of pillars fabricated by FIB machining and
nanoimprinting. However, as Kiener et al. [103]
pointed out, length scale depends on the defect
characteristics in the material. They irradiated ori-
ented copper single crystal using a 1.1 MeV proton
beam at near-ambient temperature and subse-
quently FIB machined nano-compression samples
and performed quantitative in situtestsina TEM to
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Fig. 10. Flow stress at 10% strain for Cu nanopillars
fabricated by electroplating, presenting a power-law
trend with n="0.63, nearly identical to the trend dem-
onstrated in FCC metals represented by the solid
line. Reprinted with permission from Jennings AT,
Burek MJ, Greer JR. 2010. Microstructure versus
Size: Mechanical Properties of Electroplated Sin-
gle Crystalline Cu Nanopillars. Physical Review
Letters 104, [52]: ©2010 American Physical Soci-
ety.

investigate the influence of irradiation defects on the
material properties (Fig. 11). As they observed, while
the non-irradiated samples exhibited a size depend-
ent behaviour over the entire size ranges, the irradi-
ated ones followed this trend only for specimen di-
ameters up to ~400 nm. They concluded that this
transition length scale depends on the defect char-
acteristics and therefore on the material, irradiation
dose and temperature. For the irradiated samples,
deformation was observed to be strongly localized
due to the requirement of forming a large enough
dislocation source in a volume containing densely
spaced irradiation defects.

3. SMALL SCALE DEFORMATION
MECHANISMS

3.1. FCC metals

For typical face-centered cubic (FCC) metals like
Ag, Au, Cu, Ni, and Al with various stacking fault
energy values (~22, ~45, ~78, ~128 and ~166 mJ/
m?, respectively) [179], it was found that when the
sample size is reduced to nano-scale, the mechani-
cal properties such as yield strength and plasticity
would both increase [6,35,179,180].

Fig. 12 shows examples of the mechanical prop-
erties and flow behavior of sub-micron scale single
crystalline gold and nickel pillars. The most obvi-
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ous difference between pillars, whiskers, and bulk
single crystals is the observed stress for plastic flow.
Bulk single crystals deform at very low strengths,
on the order of 10s of MPa. Micro and nanopillars
range in strength from bulk-levels at large pillar di-
ameters to gigapascals at 200 nm, as seen in Fig.
12; however, the strengths for the smallest pillars
are still significantly lower than similar size whisk-
ers which have near theoretical strengths [181]. As
is seen in Fig. 12, in the larger pillars, the stress
strain curve is continuous and similar to that ob-
served in a standard bulk compression tests; while,
in smaller pillars with diameters below ~1 um, the
deformation behavior is distinct from bulk tests and
is characterized by discrete bursts of plasticity (pop-
ins [182]) corresponding to dislocation avalanches.
Furthermore, after a dislocation avalanche, the pil-
lar loads again until a subsequent dislocation ava-
lanche occurs at a similar stress level.

3.1.1. Dislocation starvation and
nucleation control

One of the most likely deformation modes that can
result into the observed high strengths is explained
by the concept of dislocation starvation. According
to this scenario [6], in small volumes mobile dislo-
cations are thought to escape from the crystal at
the nearest free surface before multiplying and in-
teracting with other dislocations. Such processes

118 nm @  Cu(100)
® Cu(100) irradiated

»//130 nm
’JQ‘

Yield stress (MPa)

Dislocation
source controlled

Dislocation-
1 defect interaction

100 1,000
Diameter (nm)

Fig. 11. Comparison of size dependent behavior of
irradiated and unirradiated copper samples. While
the unirradiated copper (open circles) exhibits a size
dependent yield strength over the whole size range,
the irradiated samples (red symbols) show this be-
haviour only when the size is less than 400 nm.
Reprinted with permission from Kiener D, Hosemann
P, Maloy SA, Minor AM. 2011. In situ
nanocompression testing of irradiated copper. Nat
Mater 10, [103]: ©2011 Nature Publishing Group.
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lead to a dislocation-starved state, and nucleation
of new dislocations in the newly-formed perfect crys-
tal is required to accommodate further plastic de-
formation. According to Greer et al. [32,36,183,184]
description, a dislocation must travel a minimum
distance, § (also called breeding distance) before it
replicates itself, and when crystals is smaller than
this characteristic length, it might behave quite dif-
ferently from bulk crystals. When the conditions for
multiplication are not met, the dislocations would
leave the small crystals before having the chance of
multiplication, leading to dislocation starvation. Once
the dislocation-starved conditions are reached, very
high stresses would be required to nucleate new
dislocations, either at surfaces or in the bulk of the
crystal, which could describe the observed near-
theoretical-strengths at small scales.

Fig. 13 shows Shan et al. [28] results as they
evaluated the dislocation starvation theory. As they
observed, the dislocation content of the nanopillars
dropped markedly when deformed in the TEM. With
this exhaustion, which the authors call ‘mechanical
annealing’, the process controlling strength and plas-
ticity changes from dislocation propagation and in-
teraction to dislocation nucleation [116].

Jerusalem et al. [185], proposed a continuum
model accounting for dislocation starvation and nu-
cleation. As they described, a reference of the aver-

age dislocation resistance shear stress for each slip
system i can be describes as,

i . gp gp
T =min| | 1- T +
0 starv 0,starv starv
SP SP

TO,nucI’ TO,nucI ] ! (1)



32 M. Bagheripoor and R. Klassen
il 80 14
(d o [ =
70 12 Toe
40 50 ‘J\ .
* 1.0 .-
£ % = 50 . E NA .
3 = -, = 08 L
g Jx. = 40 2 06
g Tt 8 4 g
i 04
10 = 02
10 >
0 & 0 - ~ - . -
0 50 100 150 200 0 S0 100 150 200 250 00 350 400 0 50 100 150 200 250 300 350 400
Displacement (nm) Displacement {mm) Displacement {nrmj

Fig. 13. In situ TEM compression of <111> oriented 160 nm Ni pillar. a) Dark-field TEM image of the pillar
before the test, showing high initial dislocation density, b) Dark-field TEM image of the same pillar after the
first test which is now free of dislocations, ¢) Dark-field TEM image of the same pillar after the second test.
d) Force versus displacement curve of the first and €) second test. f) Instantaneous stress versus compressive
displacement for the two tests; the apparent yield stress is similar for both tests. Reprinted with permission
from Shan ZW, Mishra RK, Asif SAS, Warren OL, Minor AM. 2008. Mechanical annealing and source-
limited deformation in submicrometre-diameter Ni crystals. Nature Materials 7, [28]: ©2008 Nature Publish-

ing Group.
where
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o starv OHBA[P, : 41ta0 1-v) b - (2)
and & considers the plastic strain for which nu-
cleation dislocation is more favorable than disloca-
tion starvation, and at which the nucleation critical
resolved shear stresses (CRSS) 1, , is reached.

According to Zhu et al. [186] theory, the required
stress for dislocation nucleation is proportional to
the logarithm of the number equivalent surface nu-
cleation sites; N, which is directly affected by the
sample geometry. Since nucleation stress is a func-
tion of logarithm of N, the size effect arising from
surface nucleation is expected to be weak, com-
pared to that in micropillars showing a power-law
scaling exponent in the range of “0.6 to “0.7
[31,36,50,51,145]. As Zhu et al. [186] assumed, a
transition in the scaling behavior of yield stress could
be expected on the sample size in an approximate
range of tens of nanometers, as illustrated by
Fig. 14.

TEM studies on partial dislocation nucleation
have highlighted the role of various surface defects

in dislocation nucleation. This is most obvious in
the case of thin films where dislocations preferen-
tially nucleate at voids as they serve as stress con-
centrations sites during tensile experiments
[187,188]. The effect of surface steps on decreas-
ing the elastic threshold and assisting the nuclea-
tion of dislocations [189-197]. As Navarro et al. [197]
calculated, the critical stress for dislocation nuclea-
tion at the steps is approximately half that on the
flat surface.

Large strain bursts were universally observed
during the compression of sub-micron and nano-
sized fcc pillars. However, depending sample size,
the underlying physical mechanisms are different.
As Wang et al. [198] concluded on his studies on
Al pillars, for small pillars (with D=80 to 300 nm,
group A), the bursts originate from explosive and
highly correlated dislocation nucleation, character-
ized by very high ultimate stresses and nearly dis-
location-free microstructure after the sample failure.
Fig. 15 shows a 165 nm Al pillar as an example of
this group. The single crystal is loaded along the
[250] direction and observed under <110> zone
axis. FIB induced dislocations are clearly seen in
the darkfield image (Fig. 15c). The first burst ob-
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Fig. 15. Snapshots of the microstructural evolution in 165 nm Al nanopillar compression. (a) Engineering
stress-strain curve (b) The load-time and displacement-time curves. (c) Dark-field images of the pillar before
compression. (d) Dark-field images of the pillar after collapse (~20% strain). Reprinted with permission from
Wang Z-J, Li Q-J, Shan Z-W, Li J, Sun J, Ma E. 2012. Sample size effects on the large strain bursts in
submicron aluminum pillars. Applied Physics Letters 100, [198]: © 2012 AIP Publishing LLC.

served in the stress strain and load time curves (Figs [25,28,101,116,198,199]. Here, the CRSS is equal
15a and 15b) is caused by the cleaning-up of pre- to the starvation CRSS in equation 1 and then lin-
existing dislocation which were driven out of the pil- early increases as a function of g, as the mobile
lar, in a process known as mechanical annealing dislocations are moving towards the free surface.
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Once all mobile dislocations are annihilated, plas-
ticity is fully nucleation driven and second drop at
stress, marked point 2, happens when new dislo-
cations nucleate from the contact interface between
the pillar and the indenter. However, since there is
no dislocation in the pillar, the new ones move
through it very fast and escape immediately out of
the pillar. The drastic strain burst happens in point
3, where the structural collapse occurred, in result
of a major shape change within a small fraction of a
second [198]. Post-test, dark-field observation un-
der multiple conditions confirmed that this test left
behind a dislocation-free pillar (Fig. 15d) [28,198].
The pronounced decrease in dislocation density
during the nano-compression tests provides direct
support for the dislocation starvation theory that has
been hypothesized based on experiments
[6,30,32,36,94] and simulations [38,185,186,200].
As Shan et al. [28] pointed out, even the surface
oxide layer [201] and the FIB damage layer [152],
cannot trap dislocations inside the pillar during de-
formation [105]. The driving force for the dislocation
starvation within the pillars is a combination of the
applied stress which will activate or nucleate dislo-
cations and the image forces from the surface which
will assist the dislocations in moving towards the
free surfaces of the crystal [28]. The mechanical

annealing phenomena is more signiQicant in smaller
the samples [105].

Fig. 16 shows the result of a dislocation dynam-
ics (DD) simulation on the behavior of a 150 nm Cu
pillar in which all dislocations escape the crystal
during the early stages of loading and half loop dis-
locations are introduced into the crystal from the
surface, when the stress reaches the critical dislo-
cation nucleation stress. If the applied load is not
drop, then these new dislocations will traverse the
pillar and subsequently escape and this process is
then repeated with the flow stress reaching a pla-
teau without any significant hardening [202].

3.1.2. Single arm dislocation source
control

Some scholars have proposed a mechanism based
on the operation and stochastic effects of a single
arm dislocation source within a pillar in the scale of
micrometer, believing that the micropillars contain
several dislocation sources, but only one or two for
the slip plane in the small pillars [153,203]. As
Parthasarathy et al. [203] described, in finite sam-
ples, where the sample dimensions are of the same
order of magnitude as the source lengths, all sources
end up as being single-ended due to interaction with
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~_ A
Fig. 17. (a) A schematic description of changing a
double-pinned Frank—Read sources to single arm
sources in a small volume. (b) Representation of
single arm sources in a finite cylindrical sample in
critical configuration, which occur where the distance
from the pin to the free surface is the shortest. The
longest arm determines the critical resolved shear
stress. Reprinted with permission from
Parthasarathy TA, Rao Sl, Dimiduk DM, Uchic MD,
Trinkle DR. 2007. Contribution to size effect of yield
strength from the stochastics of dislocation source
lengths in finite samples. Scripta Materialia 56,
[203]: (c) 2015 Elsevier Ltd.

the free surface, as in Fig. 17b. Fig. 18 shows one
of single arm sources operating in a 750 nm wide Al
fiber [204]. In Fig. 18a, the spiral source is captured
while generating dislocation loops in a (111) glide
plane by turning clockwise around a fixed arm. The
moving arm propagates to the right, and forms a
pile-up because of the non-immediate evacuation of
dislocations to the free surfaces. Thick slip traces
(noted Tr. in Fig. 18a) are evidence of the slow shear
of the native oxide by the dislocations. The slip
traces are erased when the source stops by cross-
slipping of the fixed arm, meaning that the disloca-
tions have completely escaped the crystal (Fig. 18b).
This single arm mechanism has been found accept-
able and used in discrete dislocation dynamic
simulations [200,205-212]. Moreover, some physi-
cal models have been developed based on this
stochastic effect, such as the single arm source
(SAS) model [180,203,206,213,214]. Pan et al.
[215], examined the dislocation pile-up mechanism
guantitatively and provided a revised SAS model for
describing the size dependent strength by recon-
sidering the back stress and activation stress.
The critical resolved shear stress to activate a
single arm dislocation source is generally computed
by summing the friction stress, the elastic interac-
tion stress, and the line tension stress. Choosing

Fixed arm

Fig. 18. Single arm source operating in a 750 nm
wide Al fiber for a finite time (54 loop emissions in
385s). (a) and (b) are video frames that correspond
to the source operating and stopping, respectively.
Reprinted with permission from Mompiou F, Legros
M, Sedimayr A, Gianola DS, Caillard D, Kraft O.
2012. Source-based strengthening of sub-microm-
eter Al fibers. Acta Materialia 60, [204]: (c) 2012
Elsevier Ltd.

Parthasarathy et al. [203] equation and considering
material parameters, Lee and Nix [180] expressed
the required CRSS as,

0.5k_b oksb

Terss = o TU. P T =
- ’ ° }\'max(D’ptot’B)
where 1

crss IS the CRSS for the activation of the
weakest single arm source, 1, is the friction stress,
k, is the anisotropic shear modulus, b is the mag-
nitude of Burgers vector, p, . is the total dislocation
density, o is a constant of the order of unity, and
Xmax is the statistical average length of the weakest
single arm dislocation source, D is the pillar diam-
eter, and B is the slip plane orientation. As Lee and
Nix [180] described, if all of the samples have a
similar dislocation density and slip plane orienta-
tion, ., becomes only diameter dependent, which

(3)
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indicates the capability of SAS theory for describ-
ing size scale properties.

The stability of dislocation sources has been
studied in the literature. Molecular dynamics
simulations have shown that jogs on Lomer—Cottrell
dislocations that might form the pinned part of sin-
gle arm sources are unstable in the high stress load-
ing conditions required to deform Al nanopillars of
diameter 16-50 nm [216], while 3D discrete dislo-
cation plasticity (DDP) simulations approved the
importance of image stresses and cross-slip in con-
trolling the lifetime of intermittent sources which tend
to be longer lived in larger diameter samples [200].
However, TEM observations of deformation of Al fibers
of diameter 120 nm confirm that although operating
intermittently, an individual single arm dislocation
source is sufficiently stable to generate large plas-
tic strain [217].

Investigating single arm source controlled plas-
tic Gow in the micropillars with diameters from 200
to 800 nm is extensively investigated by a statisti-
cally, Cui et al. [206] noted that the SAS mecha-
nism itself is not suitable to explain the hardening
behavior of very small or very large samples. As the
sample size decreases, the image force becomes
larger and together with the external applied stress,
the dislocations can be easily driven out of the crys-
tal, resulting that available dislocation sources be-
come progressively exhausted, even causing dislo-
cation starvation. The similar conclusion was made
by Gu et al. [218], pointing out that in fcc single
crystalline metals, dislocations are generated by
the operation of the single arm dislocation sources
in micrometer-sized structures and via dislocation
nucleation at surfaces in nanometer-sized structures
[214,218-220].
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Hu et al. [221], studied the behavior 300 to 700
nm diameter gold particles and resulted that abun-
dant dislocations nucleation and storage exist in-
side their 400 and 500 nm particles during the com-
pression, while few dislocations nucleate inside the
smaller particles, concluding that the accumulated
emission mechanism controls the collapse of rela-
tive larger particles and correlated emission is domi-
nant for the smaller ones. As Jennings et al. [52]
stated, the same deformation mechanisms govern
flow behavior of nano-scale samples regardless of
fabrication methods.

Modifying Jerusalem et al. [185] model (Eq. (1)
and considering SAS operation mechanism, Cui et
al.[206], developed a more general theoretical model
to quantitatively describe the sub-micron plastic
behavior as follows,

€ kub
T= min((l— . j(‘to + aub\/; +%)
sstar }\’

€, (4)
+—1T ,T y
star  nucl nucl
€

P

where ¢ _is the engineering plastic strain, and eis
the plastic strain for which dislocation nucleation is
more favorable than SAS operation, and at which
the CRSS for dislocation nucleation t_ , is reached.
Cui[222] summarized possible mechanisms of FCC
single crystal plastic deformation in a phase dia-
gram shown in Fig 19. As is described, dislocation
starvation is dominant in smaller sample with lower
dislocation density (~10% m2). Continuing deforma-
tion, dislocations gradually escape from the crys-
tal, and surface nucleation controls plasticity. By
increasing the sample size, it becomes more diflicult
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Fig. 19. Plastic deformation mechanisms in FCC single crystal. Reprinted with permission from Y. Cui
2017. The Investigation of Plastic Behavior by Discrete Dislocation Dynamics for Single Crystal Pillar at

Submicron Scale, [222]: (c) Springer Singapore.
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to reach the dislocation starvation state and dislo-
cation sources emerge because of the interaction
between internal dislocations. Here, the activation
of single arm source plays the main role. If the sam-
ple size further increases, classical dislocation
multiplication mechanism controls the deformation.
The critical size between different mechanisms de-
pends on dislocation density and internal microstruc-
ture, as shown schematically in Fig. 19. While there
is still no quantitative expression, it is generally
believed that the critical size decreases with the
decline of dislocation density [222].

As Kiener and Minor [223] pointed out, the acti-
vation of slip planes and changing deformation mor-
phology form single slip to alternating slip and mul-
tiple slips regimes is dependent to the sample size
as shown in Fig. 20.

3.1.3. Liquid like deformation

As size scales reaches to the order of 10 nm and
smaller, a new regime of behavior emerges and cur-
vature and surface stress effects become more im-
portant. As an example, the Laplace pressure in an
Au cylinder with diameter of 10 nm diameter and
isotropic surface is around 0.28 GPa and this large
pressure would have significant effects on both elas-
tic and plastic properties [224]. Moreover, new irre-
versible deformation modes involving structural tran-
sitions would occur at these small size scales. A
number of researches have been done on theses

scales and the effective
[44,104,115,186,225-230].

According to Sun et al. [231] findings, the shape
change of sub-10-nm silver (Ag) nanoparticles at
room temperature is dominated by surface diffusion,
causing them deform like liquid drops but with a
highly crystalline core, which is fundamentally dif-
ferent from displacive shear plasticity by disloca-
tions. They used a set-up where the Ag nanocrystal
was partially bonded to a tungsten tip that approached
acounter ZrO, surface. Fig. 21 shows a typical cy-
cle of compression and stretching of a Ag nanocrystal
with a base diameter of 9.8. As the authors observed,
when the Ag nanocrystal was compressed against
the oxide, it continuously flattened (Figs. 21b-21d),
and continuously elongated when the tip was re-
tracted (Figs. 21e and 21f). Moreover, they observed
that when the nanocrystal detached from the tip it
rapidly recovered the original facetted shape. Visu-
alization of the lattice planes in the TEM images
demonstrated that the nanocrystal remained as a
perfect single crystal during the whole process.
Importantly, authors demonstrated that the
nanocrystal deformed by surface diffusion, as indi-
cated by the atomic planes growth on its external
surface and is fundamentally different from displacive
shear plasticity by dislocations. These results con-
firmed by means of molecular dynamics simulations
[232].

Although dislocation based plastic deformation
is expected to become inactive below a critical par-

phenomena
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Fig. 21. Reversible pseudoelastic deformation of the Ag nanoparticles. (a-d) The Ag nanocrystal underwent
a compression and (e, f) stretching cycle, almost recovered its initial size (a). Scale bars, 5 nm. The orange
arrows indicate the movement direction of the W tip. Reprinted with permission from Henry CR. 2014. Metal
nanocrystals deforming like liquid droplets. Nature Materials 13, [232]: ©2014 Nature Publishing Group.

ticle size, which has been proposed to be between
10 and 30 nanometers according to computer
simulations and transmission electron microscopy
analysis [233], on a recent atomistic simulation
study by Li [234], it is shown that under very high
stresses, dislocations can be accelerated to ap-
proach the speed of shear wave over a distance as
short as 10 nm and such high speed dislocations
often react in counter-intuitive manners that are be-
yond the descriptions of conventional dislocation
behavior. As they described a high-speed disloca-
tion can “rebound” when hitting a free surface rather
than annihilate. When two high-speed dislocations
collide, they can “penetrate” through each other. An
individual dislocation can even spontaneously gen-
erate multiple dislocations via self-dissociation.
These anomalous mechanisms lead to rapid prolif-
eration of dislocations that are strongly correlated
both spatially and temporally, and as such may play
arole in high-stress and high-strain-rate plastic de-
formation.

Employing a collection of algorithms that assess
the mechanical behavior of two-dimensional
nanopillars (referred as nanoslab), Yan and Sharma
[235] carried out a study of the mechanical com-
pression behavior of nanoslabs under both low and
high strain rates (1 and 108 s7"). Their developed
model was a 116 atom Ni nanoslab with the x—y
dimensions of 25 x 70 A, periodic in the z-direction.
According to their results, while high-strain rate
deformation proceeded with the appearance of shear

band, the partially rotation of crystal orientation, and
a barrel-shaped structure, the slow-strain rate re-
sults exhibited a dramatically different behavior and
deformation proceeded with the start of
amorphization from the top and bottom surfaces and
was followed by material extrusion from the free
surfaces. However, the central region of the nanoslab
remained crystalline (Fig. 22). As they concluded
the response of nanostructures to slow compres-
sion is more “liquid-like” and accompanied by ex-
tensive surface reconstructions which is in consist-
ent with Sun et al. [233] results.

3.1.4. Effect of pre-strain and aspect
ratio

Schneider et al. [236] performed micro-compression
tests on pre-strained nickel single crystals to in-
vestigate the effect of the initial dislocation arrange-
ment on the behavior and size dependence of small
scale metal structures. They studied 5% and 20%
pre-strained Ni pillars with different sizes, ranging
from 200 nm to 5 um. They found that 20% pre-
strained pillar’'s exhibited similar shapes for the
stress—strain curves, with larger and less frequent
strain bursts curves, comparing the 5% pre-strained
pillars. However, the size dependence of the yield
strength and strain hardening behavior was different
than those of the 5% pre-strained pillars and for small
pillar diameters the hardening was more pronounced
for the 5% pre-strained sample (as quantified in Fig.



Length scale plasticity: a review from the perspective of dislocation nucleation 39

'.

e=0 £€=006 =008 £=0.13 £¢=016 =022

:_i. '._‘f b

e=003 £=00

=10

Fig. 22. Structure evolution of Ni nanoslab under compression at high strain rate (top row) and low strain
rate (bottom row). For the case of high strain rate deformation, the structure experiences the appearance of
shear band, the partially rotation of crystal orientation, and a barrel-shaped structure. For the low strain rate
deformation, amorphization starts from the top and bottom surfaces and is followed by material extrusion
from the free surfaces. Reprinted with permission from Yan X, Sharma P. 2016. Time-Scaling in Atomistics
and the Rate-Dependent Mechanical Behavior of Nanostructures. Nano Letters 16, [235]: © 2016 ACS
Publications.
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23). Analysis of TEM images showed that the dislo-
cation density remained in the same order of mag-
nitude for 5% and 20% pre-strained sample defor-
mation, although the cell wall dislocation density
was higher for the 20% pre-strained specimens. As
Schneider at al. [236] stated, neither dislocation
starvation nor mechanical annealing were explicitly
observed with increasing dislocation density by pre-
straining and as the pillar size decreases from the
micron into nano, a size dependent mechanism
begins to dominate, independent of dislocation den-
sity. In situ TEM observations showed that disloca-
tions were nucleated near the surface for the sub
200 nm diameter pillar, regardless of the presence
of dislocations within the pillar.

Milne et al. [237], observed a distinct change in
the deformation mode occurs as the aspect ratio of
the Al pillar was increased. As they observed, the
dominant deformation mode in 2:1 aspect ratio 900
nm diameter pillars was collective slip on multiple
slip systems. Areduction of the pillar diameter with
associated increased aspect ratio (4:1 for 450 nm
diameter) leaded to significant delocalized deforma-
tion and bulging at the apex to relieve stress. Apex
work hardening was followed by slip band formation
on a secondary slip system further down the pillar.
A transition to a new mode of deformation was ob-
served for nanopillars with diameters smaller than
250 nm and aspect ratio of 6:1. Axial buckling of a
high aspect ratio pillar under axial compression,
resulted to the lateral shear of the pillar apex and
generating a bent morphology and a 90° kink with
further loading.

3.2. BCC metals

Among the common crystal structures of metals,
body centered cubic (bcc) structures pose different
conditions for plasticity compared with the fcc ones,
due to the higher Peierls stress and easier cross-
slip of the slower screw dislocations. The deforma-
tion of bcc metals is generally governed by the screw
dislocations, whose mobility is signidcantly lower
than that of the edge components, and the possibil-
ity of cross slip mechanism increases the probabil-
ity of forming dislocation networks which results in
the creation of immobile dislocation sources inside
the nanopillar [57].

Although mechanical annealing has been widely
observed in fcc metals, many scholars believe that
such phenomena cannot exist in bcc metals for the
following reasons. For the first reason, in amolecu-
lar dynamics simulation on Mo nanopillar deforma-
tion, Weinberger and Cai [39] found that under com-
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bined effects of the image stress and dislocation
core structure, a dislocation nucleated from the
surface of a BCC pillar generates one or more dislo-
cations moving in the opposite direction before it
exits from the surface. According to their results,
the process of self-multiplication is repeatable so
that a single nucleation event is able to produce a
much larger amount of plastic deformation than that
in FCC pillars. As the second reason, bcc metals
are less size dependent at room temperature than
fcc small samples [30,40,41,55,164]. As the third
reason, postmortem STEM micrographs observa-
tion found that deformed, nano-scaled, single crys-
tal Iron still have obvious dislocations in the crystal
[238]. However, Huang et al. [239] showed that sig-
nificant mechanical annealing occurs in BCC Mo
pillars, when their diameters decrease to hundreds
of nanometers.

Therefore, the governing mechanism for defor-
mation of bce nanopillars may be different from that
of fcc nanopillars, and many scholars have tried to
explain the size dependency of BCC nanopillar be-
haviour. Recently, pillar compression studies of dif-
ferent bcc metals including Mo [30,41,48,55,
94,164,240-242], Nb [48,49,55,95], Ta [48,55,58],
V [56,243], W [48,55,58,95], and Fe [238,244,245],
have been reported.

Fig. 24 shows typical compressive stress—strain
curves of [235] oriented Mo, W, and Nb pillars with
various diameters in compression, showing much
higher attained flow stresses by the nanopillars with
smaller diameters. It is noteworthy that the shapes
of these curves demonstrate that the plastic defor-
mation regions for smaller pillars are composed of
discrete strain bursts followed by reloading seg-
ments. Most of the reloading segments appear to
be elastic as is observed in fcc metals.

3.2.1. Dislocation networks formation

Greer et al. [30], compared the deformation behavior
of fcc and bcec single crystals and reported that the
dislocation starvation model may not apply to b.c.c.
pillars at the diameters considered in their study
(300-800 nm). As they described, the dislocation
residence time inside the bcc crystal is relatively
longer than that of fcc pillars, and the image stresses
seem to enhance a dislocation’s af(inity for self-rep-
lication when approaches a free surface and entan-
glement of these dislocation segments inside the
pillar can contribute to increased Gow stress, simi-
lar to the forest hardening model that describes the
plasticity of bulk crystals (Fig. 25).
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Fig. 24. Typical compressive stress—strain curves of [235] oriented (a) Mo, (b) W (c) Nb pillars [164,166].
Reprinted with permission from Schneider AS, Clark BG, Frick CP, Gruber PA, Arzt E. 2009. Effect of
orientation and loading rate on compression behavior of small-scale Mo pillars. Materials Science and
Engineering a-Structural Materials Properties Microstructure and Processing 508 [166]: (c) 2009 Elsevier
Ltd. Reprinted with permission from Schneider AS, Frick CP, Clark BG, Gruber PA, Arzt E. 2011. Influence
of orientation on the size effect in bcc pillars with different critical temperatures. Materials Science and
Engineering a-Structural Materials Properties Microstructure and Processing 528 [168]. (c) 2011 Elsevier
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Fig. 25. Dislocation gliding along (011) plane in a b.c.c. pillar. The dislocation orients as a screw one and
emits additional dislocations promoting strain hardening. Reprinted with permission from Greer JR, Weinberger
CR, Cai W. 2008. Comparing the strength of f.c.c. and b.c.c. sub-micrometer pillars: Compression experi-
ments and dislocation dynamics simulations. Materials Science and Engineering a-Structural Materials
Properties Microstructure and Processing 493, [30]: (c) 2008 Elsevier Ltd.
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As Kim et al. [48] pointed out, while FIB-fabri-
cated bcc Mo nanopillars show size effects in the
flow stress, the underlying foundation for this size
dependent strength is quite the opposite of fcc met-
als and rather than annihilating at the free surfaces,
dislocations in bcc metals have been found to form
intricate networks as a result of mechanical defor-
mation even in the smallest pillar size of ~200 nm
diameter [48].

SEM images of niobium (Nb) single crystalline
nanopillars before and after uniaxial compression
are shown in Fig. 26. The compressed nanopillars
showed fine and coarse parallel slip lines at the
surface (Figs. 26b and 26¢). The measured angles
between most of the slip planes and the <001> load-
ing direction, (~43°), shows that many slip planes
are likely to be in {110} planes. Generally, disloca-
tion motion via cross-slip is prevalentin bcc metals
since the screw dislocations are able to glide in
different {110} planes or combinations of {110} and
{112} planes, often resulting in wavy and ill-defined
slip lines [246]. However, Kim et al. [49] deformed
nanopillar images, revealed that the slip traces at
the surface are not wavy, but rather are elliptical,
indicating the preferential confinement of the dislo-

Fig. 26. SEM images of (a) nanopillar before compression, (b and c) severely compressed (up to ~30% true
strain) nanopillars including pronounced crystallographic slip lines [49] d) Wavy lines in (100) surface of
bulk Nb single crystal after 42% shear strain in compression, in which traces of both active slip planes are
parallel [247]. Reprinted with permission from Kim JY, Jang DC, Greer JR. 2009. Insight into the deformation
behavior of niobium single crystals under uniaxial compression and tension at the nanoscale. Scripta
Materialia 61, [49]: (c) 2009 Elsevier Ltd.

cation loops to a single slip plane without cross-
slipping. This observation is different from the ob-
served wavy slip traces in the single crystalline bulk
Nb samples after compression (Fig. 26d, [247]),
showing that the mean free path of a dislocation
loop’s travel prior to cross-slip in Nb is larger than
micrometer. This is probably due to the non-negligi-
ble effects of the image force imposed by the free
surface.

Fig. 27 shows the bright-field TEM images and
the corresponding diffraction patterns of the Nb 100
nm diameter pillar before and after compression [49].
Besides the small FIB damage dislocation loops,
no obvious dislocation lines are present in the pillar
and since the dislocation density of a well-annealed
metal is known to be on the order of 108—- 102 m?2, it
could be concluded that there are no or rare dislo-
cations in a 100 nm pillar. The deformed image,
however, clearly represents the formation of a com-
plex dislocation network, display by the numerous
black features present throughout the pillar, which
have evolved in result of compression. An interest-
ing point is that, the dislocation line segments in
crystallographic planes are short, parallel to each
another, and straight, indicating that dislocation ava-
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Fig. 27. Bright-field TEM images and corresponding diffraction patterns of 200 nm Nb nanopillar (a) before
and (b) after compression, in which the true stress—strain curve and representative slip planes are inserted.
Reprinted with permission from Kim JY, Jang DC, Greer JR. 2009. Insight into the deformation behavior of
niobium single crystals under uniaxial compression and tension at the nanoscale. Scripta Materialia 61,

[49]: (c) 2009 Elsevier Ltd.

lanches probably occurred in parallel planes with-
out interacting with one another. Moreover, no pin-
ning points or internal Frank—Read sources can be
seen in the image, which confirms the lack of dislo-
cation cross-slip [49].

3.2.2. Dislocation starvation

Fig. 28a shows the stress—strain curve of bcc sin-
gle crystal Fe—3% Si pillar in result of compression
[245]. As is observed the pillar undergoes a series
of pronounced pop-ins which are indicated by num-
bers, and the curve is separated into three parts
based on the stress level and dislocation dynam-
ics. Figs. 28b-28e show snapshots of the No. 6 pop-
in event occurred in part Il. An edge dislocation re-
mained at the bottom of the pillar before the No. 6
pop-in event, and is temporarily sessile, as marked.
Fig. 28b shows the moment immediately before the
pop-in event. As seen several sets of dislocations
formed and escaped the pillar during the No. 6 pop-
in event. Two sets of them are illustrated in Figs.
28c and 28d. In Fig. 28e, the formed dislocation
No. 5 remained at the bottom of the pillar, which
might be associated with the unexpected taper
shape of the sample. Pop-in events Nos. 4 and 5
are similar to pop-in event No. 6, which is the edge
dislocation dominated process. Figs. 28f-28i

presents snapshots of pop-in event No. 9, which
occurredin zone lll. As Zhang et al. [245] described,
the pop-in events in zone Il are screw dislocation
dominated and are completely different from those
of zone Il. The formed dislocations (1-3) gradually
moved toward the pillar surface during the deforma-
tion. Even though parts of the newly formed screw
dislocations are covered by the carbon layer, it can
be seen that all of the screw dislocations which move
in the same direction (from the bottom to the top)
do not undergo self-multiplication as described in
Refs. [30,39], since self-multiplication involves the
formation of a new dislocation moving in the oppo-
site direction to the original ones. It is interesting to
note that, the amounts of stress needed to activate
edge (part Il) and screw dislocations (part Ill) are
different. This might be related to the difference in
Peierls barrier stress between edge and screw dis-
locations in bcc crystallite which originates from the
dislocation core structure [248].

Fig. 29 compares the residual dislocation struc-
ture in the deformed 1000 and 200 nm iron pillars
[238]. As it is observed in the STEM images, the
residual dislocation structure in the 1000 nm pillars
is quite different from that of 200 nm samples. For
1000 nm pillar (Fig. 29a), a high density of disloca-
tions was found in the highly deformed zone while
only a few dislocations are present in other areas.
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Fig. 28. (a) resulted stress—strain curve of Fe—3% Si single crystal pillar compression, the numbers indi-
cate the pop-in events and the curve is divided into three parts. (b-e) Snapshots of the No. 6 pop-in event
that occurred in part II; (b) The moment before the pop-in event. A temporarily sessile edge dislocation
remained at the bottom of the sample; (c) dislocations 1 and 2 formed at 1 s and escaped the pillar within=
0.03 s; (d) another set of dislocations (3—5) formed at 2.2 s; (e) dislocations 3 and 4 escaped the pillar. (f-
i) Snapshots of the No. 9 pop-in event that occurred in part 11; (f) The moment before the pop-in event. (g-i)
The dislocations moved from the lower pillar rim toward the upper pillar rim. Reprinted with permission from
Zhang L, Ohmura T, Sekido K, Hara T, Nakajima K, Tsuzaki K. 2012. Dislocation character transition and
related mechanical response in a body-centered cubic single crystal. Scripta Materialia 67, [245]. (c) 2012
Elsevier Ltd.

However, for the 200 nm pillar, only one residual
dislocation can be found in the heavily deformed
area, as indicated by the arrows. This is in consist-
ent with dislocation escape due to the mechanical
annealing phenomena.

Using in situ TEM compression of Mo nanopillars,
Shan [105] demonstrated that with decreasing pil-
lar diameter to hundreds of nanometers, significant
mechanical annealing does occur in bcc Mo (Fig.
30a). In addition, there was a critical size (~200 nm
for Mo at room temperature) below which the
strengthening exponent increased dramatically to
that similar to fcc metals (Fig. 30b). As Shan [105]
described, this regime of size effects in bcc con-

verges to that of fcc, revealing deep connection in
the dislocation dynamics of the two systems. Ob-
served phenomena were attributed to the diminish-
ing importance of lattice friction at high stresses,
when the size enhanced flow stress exceeds a sin-
gle screw dislocation’s lattice friction.

3.2.3. Cross-split of edge dislocations

Kositski et al. [107], proposed a rapid conservative
athermal dislocation mechanism by which edge dis-
locations overcome obstacles and change their glide
plane by splitting (Fig. 31). This mechanism is a
collective process by which edge dislocation splits
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100 nm

Fig. 29. Postmortem bright-field STEM images of the Fe pillars after compression tests. (a) 1000 nm; (b)
magnified image of the area framed in (a); (c) 200 nm; (d) magnified image of the area indicated by the two
white arrows in (c). The dislocation line marked by the black arrows. Reprinted with permission from Huang
R, LiQJ, Wang ZJ, Huang L, Li J, et al. 2015. Flow Stress in Submicron BCC Iron Single Crystals: Sample-
size-dependent Strain-rate Sensitivity and Rate-dependent Size Strengthening. Materials Research Letters
3, [238]: Copyright © 2015 Informa UK Limited.
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Fig. 30. (a) The typical engineering stress-strain curve for a 142 nm FIBed Mo single crystal. The insets are
bright-Geld TEM images taken before and after the dramatic strain burst. The scale bar represents 100 nm.
(b) Maximum Gow stress plotted as a double-log function of pillar diameter D, representing two different
strengthening exponent values, 1.0 and 0.29 for red and blue lines, respectively. Reprinted with permission
from Shan ZW. 2012. In Situ TEM Investigation of the Mechanical Behavior of Micronanoscaled Metal
Pillars. JOM 64, [105]: © 2012 Springer International Publishing AG.

into two edge dislocations which are not arrested nucleating dislocations at two opposite top vertices
by the obstacle. They performed MD simulations to of the nanoparticle. Once nucleated, dislocations
gain insight into deformation of Fe nanoparticles. are curved with two ends on the facets of the
The simulations revealed that plasticity starts by nanoparticle, obtaining mixed characteristics at ends



46

M. Bagheripoor and R. Klassen

Fig. 31. MD simulation of a 20.8nm high Fe nanoparticle under compression. (a) The two top vertices
marked with “A” and “B” are the points where dislocations nucleate. (b) Athree-dislocation pile-up formed at
B is shown (all the atoms were removed except those in the dislocation cores) (c) Aview from the bottom on
the dislocation pile-up shown in (b) slightly after the front 1/2[111] dislocation in the pile-up splits into
[001] and 1/2[111] dislocations. (d) A bottom view into the particle after cross-split. The color represent
height with red being the height of the top facet and blue the bottom. Reprinted with permission from
Kositski R, Kovalenko O, Lee SW, Greer JR, Rabkin E, Mordehai D. 2016. Cross-Split of Dislocations: An

Athermal and Rapid Plasticity Mechanism. Scientific Reports 6, [107]. © 2016 Springer Nature.

and an edge characteristic at its center. As the ap-
plied stress increased, the dislocations move in the
inward directions towards the substrate, and both
ends traveled along the edges and the facets of the
nanoparticles, straightening the overall dislocation
line towards the edge character. In this mechanism,
the dislocation line is finally arrested close to the
substrate, where it gained an edge character along
its entire line. If the particle is sufficiently wide, the
slip planes of the dislocations nucleated at vertices
A and B reach the substrate without interacting with
one another. Since these dislocations are prevented
from gliding by the interface, further deformation take
place by additional nucleation events at the two ver-
tices and inward propagation. These nucleation
events do not produce catastrophic or substantial
strain bursts as was observed in FCC nanoparticles
[50] after each nucleation event and consecutive
nucleation events require higher stress in order to
overcome the back-stress from the growing pile up,

which manifests itself in hardening of the
nanoparticle as it is compressed [107].

3.2.4. Effect of temperature

Schneider et al. [166] proposed that the mobility of
the screw dislocation controls the size effect of the
bcc pillars and with decreasing T_ (critical tempera-
ture; the temperature above which the flow stress
becomes relatively insensitive to temperature and
strain rate) or pillar diameter, the effect of relative
screw dislocation immobility becomes less impor-
tant and the strength of fcc and bcc pillars are de-
termined by similar dislocation processes. Possi-
ble explanations for this behavior include kinetic pile-
ups of screw dislocations [164] and kink nucleation
at the pillar surface [39].

Generally, for bcc metals, when the tempera-
ture is at or above the T, the screw dislocations
would glide much easier or the Peierls stress for
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bcc metals becomes effectively very small [249].
As Han et al. [57] pointed out, the size effects on
the strength of bcc nanopillars are dependent on
the T_ and, equivalently, the Peierls stress (sp).
When the testing temperature is higher than the
critical temperature of a bcc metal, peierls stress
can be neglected, and the strengthening mecha-
nism is similar to that for fcc metals with the size
effect exponent n in the range of 0.8—1.0. When T <
T, the effect of sp cannot be neglected, and n would
decrease with increasing sp. A clear reduction in
the dislocation density has been observed after de-
formation of V nanopillars, suggesting a low sp for
V atroom temperature, as expected [57]. Thus some
bcc metals like V, display dislocation starvation
mechanism due to their low Tc and low sp that fa-
cilitated dislocation motion and easier removal from
the body of the nanopillar, although the rate of dislo-
cation removal is slightly slower than that for fcc
nanopillars [57].

Franke et al. [46] showed that there is a signifi-
cant change in the plasticity of a high-melting point
BCC material once the critical temperature is sur-
passed. As they described, the mean pop-in load
increases from (111) to (110) and (100) which shows
the highest resistance against localized yielding.
The differences in the pop-in load of the different
orientations was explained by the hydrostatic pres-
sure presents in each orientation which aids nucle-
ating defects such as twins and stacking fault (SF).

Abad et al. [58] studies on Ta and W micropillars
showed that the strain hardening behavior is not only
size dependent but, more importantly, test tempera-
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ture dependent and lower SHRs are observed at
higher temperatures. This behavior is opposed to
bulk BCC metals, where the easier mobility of screw
dislocations at higher temperatures increases dis-
location forest hardening and could be explained by
the easier activation of dislocation sources near the
surface and better dislocation mobility at higher tem-
peratures.

3.3. HCP metals

Compared to bece and fecc structures, metals with a
hexagonal closed-packed (hcp) crystalline structure
have smaller number of slip systems, which makes
their plastic deformation more difGcult. For instance,
both tension/compression twinning [250,251] and
various kinds of <c + a> pyramidal slips [252] have
been observed in bulk single or poly crystal hcp
materials because of the limited number of <a> slips
activated on the basal and prismatic planes. Espe-
cially for micro-compression under c-axis, twinning
and <c + a> pyramidal slips have been found to be
the main sources of deformation [61,62,253]. Ac-
cording to Yu et al. [59] studies on titanium ally
single crystal, the stress required for deformation
twinning increases drastically with decreasing sam-
ple size until the sample size is reduced to one
micrometer, below which the deformation twinning
is entirely replaced by less correlated, ordinary dis-
location plasticity. Meanwhile, compression results
of pure magnesium single micro crystals showed
no twinning in samples from approximately 2—10
pm in diameter, and the pyramidal slips were found
to dominate the plasticity [61,62].
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Fig. 32. Size effect in the flow stress of Ti pillars. (a) Engineering stress—strain curves of compressing Ti
samples with different diameters; (b) The flow stress at 5% plastic strain vs the effective diameter (the
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Sun QY, Guo Q, Yao X, Xiao L, Greer JR, Sun J. 2011. Size effects in strength and plasticity of single-
crystalline titanium micropillars with prismatic slip orientation. Scripta Materialia 65, [60]: © 2011 Elsevier.
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Fig. 33. Example of extension twinning in a 200 nm pure Mg pillar. (a) Dark-field image of the pillar before
the test. (b) Dark-field image of the pillar after the test, showing that the pillar now has a different orientation
from the base of the pillar. Inset shows the diffraction pattern of the twinned pillar, revealing that the basal
plane is now roughly perpendicular to the loading axis. (¢) Engineering stress- displacement curve of the
pillar compression. The large load drop seen at 75 nm displacement is a result of a large dislocation burst
through the pillar. (d-f) frames from the in situ video, corresponding to marked points in (c). At point (d) the
pillar is relatively defect free (d) after the large burst of dislocations. At point (e) a twin is nucleated, with the
boundary shown in (e). At point (f) the twin boundary has moved through the pillar and is seen in (f). The final
result is a completely twinned pillar (b). Reprinted with permission from Ye J, Mishra RK, Sachdev AK,
Minor AM. 2011. In situ TEM compression testing of Mg and Mg-0.2 wt.% Ce single crystals. Scripta
Materialia 64, [63]. © 2011 Elsevier.

Jin et al. [73] characterized the mechanical
behaviors of electroplated sub-micron cadmium pil-
lars by uniaxial compression techniques. Their re-
sults revealed that the mechanical strength of sub-
micron cadmium structures is sensitive to strain rate
and size dependent. As they observed while the
strength of 0.5 and 1.1 um diameter specimens were
slightly higher than bulk, the flow stresses of 130
nm diameter ones approached to the theoretical
strength of cadmium. Representative compressive
stress—strain curves of Ti pillars are shown in Fig.
32a[60]. Clearly, the higher flow stress is observed

in smaller samples, and the deformation is charac-
terized by a single, large strain burst subsequent to
yielding. Fig. 32b shows the size effect on the flow
stress at 5% plastic strain (c,), indicating Ti follows
the power law rule (Section 3) with the exponent of
-0.5.

3.3.1. Twining

Ye et al. [63] performed in situ TEM nano-compres-
sion tests on around 200 nm diameter single crys-
tal pure Mg and Mg-0.2.wt.% Ce pillars. They fo-
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cused on the two major deformation mechanisms
in Mg, i.e. basal plane sliding and twinning. A clear
size effect was found for both deformation mecha-
nisms, by measuring the critical stress for nuclea-
tion of either basal sliding or extension twinning.
They also reported a significant reduction of twining
critical stress in result of alloying with Ce. Fig. 33
shows formation of extension twinning in compres-
sion of a pure Mg single crystal [63]. The pillar
started with a relatively high defect density caused
by the FIB milling, as shown in Fig. 33a. During the
first 50 nm of the compression the pillar went through
the mechanical annealing process, whereby the
mobile dislocations escaped from the pillar, leaving
behind a rather clean pillar (Fig. 33d). The large drop

in the stress showed by d in Fig. 33c is the conse-
quence of this event. The pillar has been then re-
loaded and when stress reached to approximately
1.26 GPa, a twin domain was nucleated from the
tip of the pillar, as marked by the arrow on Fig. 33e.
After the nucleation, the twin has grown towards
the bottom of the pillar while the stress remained
almost constant. Fig. 33f shows the growing twin
domain with the boundary marked. The result is a
new, almost perfect grain, with a boundary near the
base of the pillar that is full of defects. The critical
stress for twin nucleation in this case, demonstrat-
ing that there is also a size effect associated with
the twining mechanism, as has been also observed
in a Ti—Al alloy [59].
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Fig. 34. In situ compression test on a submicron-sized single crystal Mg pillar.

(a) Schematic illustration of the crystal, loaded in [1100] orientation. The {1012} plane is highlighted in red.
(b) Selected area diffraction pattern (SADP) for an ideal {1012} twin. (c,d) Dark-field TEM images of the
pillar before and after compression. Scale bars, 400 nm. (e) SADP taken from the framed area, demonstrat-
ing that {1OI2} diffraction spots are separated instead of overlapping with each other. The zone axis is
[11 20] for parent lattice. (f) The corresponding stress—strain curve. Reprinted with permission from Liu BY,
Wang J, Li B, Lu L, Zhang XY, et al. 2014. Twinning-like lattice reorientation without a crystallographic
twinning plane. Nature Communications 5, [255]. © 2014 Springer Nature.
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Fig. 35. (a) Engineering stress—displacement curve for nano-compression of 250 nm Ti—5Al pillar. (b and f)
TEM images showing the formation and operation of a <c + a> dislocation source and the corresponding
mechanical response: (b) the bow-out of a <c + a> segment, (c) the growth of the <c + a> segment, (d) the
generation of a <c + a> dislocation and (e) its propagation, (f) the formation of a <c + a> dislocation array.
Reprinted with permission from Yu Q, Sun J, Morris JW, Minor AM. 2013. Source mechanism of non-basal
<c + a> slip in Ti alloy. Scripta Materialia 69, [258]: © 2013 Elsevier.

Yu et al. [254] further investigated the deforma-
tion twinning in pure Mg single crystal through dif-
ferent loading conditions. The formation of deforma-
tion twins was observed under different strain paths.
As they found, high-density nanotwins can be “pro-
moted” kinetically when high density of nucleation
sites is correlated by the stress fields of twinning
dislocations.

Carrying out the same experiments on pure
magnesium single crystal, Liu et al. [255] reported

the reorientation of the parent lattice to a ‘twin’ lat-
tice, resulting in an orientational relationship akin
to that of the conventional {1012} twinning, but with-
out a crystallographic mirror plane, resulting a plas-
tic strain that is not simple shear. According to their
observation, the boundary between the parent lat-
tice and the ‘twin’ lattice is composed of semico-
herent basal/prismatic interfaces instead of the
{10?[2} twinning plane and migration of this bound-
ary is dominated by the movement of these inter-



Length scale plasticity: a review from the perspective of dislocation nucleation 51

faces undergoing basal/prismatic transformation via
local rearrangements of atoms (Fig. 34).

3.3.2. Dislocation slip

Fan and EI-Awady [256] investigated deformation
modes in Mg nanocrystals during uniaxial tension,
uniaxial compression, and pure bending using mo-
lecular dynamics simulations at room temperature.
Their results for compression loading showed that
yielding is dominated by only dislocation slip on
the pyramidal (6<15 deg), basal (15 deg< 6 <60
deg) and prismatic (6 >60 deg) planes and nuclea-
tion stress in general decreased with increasing 6
for both uniaxial tension and uniaxial compression
loadings. Electron backscattered diffraction and
microstructural analyses of the deformed microm-
eter-sized Mg single crystals samples [257] revealed
that the plastic deformation in basal slip oriented
crystals occurs only by slip while twin oriented crys-
tals deform by both slip and twinning modes. The
twin oriented crystals exhibit a higher strain hard-
ening during plastic deformation comparing to the
single slip oriented crystals.

In situ TEM nano-compression test containing
the formation of a <c + a> dislocation in a 250 nm
Ti—5Al FIB milled pillar is shown in Fig. 35, [258].
Once the load was applied, the dislocations were
emitted from the contact surface. The newly gener-
ated dislocations were mainly determined to be <a>
type. The pre-existing <c + a> dislocations are sta-
ble and have not shown any detectable activity at
the beginning of the test. Since the resolved shear
stress on <a> dislocations is almost zero in this
orientation, the newly generated <a> dislocations
were essentially immobile and quickly became en-
tangled, resulting in a high-density dislocation struc-
ture. As the load increases, some dislocation seg-
ments bowed out from this entanglement (Fig. 35b).
The bowing indicates a varying line direction within
the single crystal that is only compatible with the
<c + a> dislocation type. This segment continued
to grow, as shown in Fig. 35c. The dislocation ac-
tivities are localized in the top of the sample and
the stress increased almost linearly until it reached
~1.7 GPa (point 3 in Fig. 35a). Beyond this point, a
load drop is seen. Accordingly, a single arm source
was observed as marked by the red arrow in Fig.
35d, as well as a few long dislocations. As the emis-
sion of the glissile <c + a> dislocations continues,
the stress vs. displacement curve deviates from near
linearity and demonstrates work hardening. When
the stress on the sample reaches ~2.34 GPa, a
second load drop can be seen in the curve corre-

sponding to another emission event of <c + a> dis-
locations (Fig. 35e). The stress at the contact sur-
face eventually reaches ~3.2 GPa. Several signifi-
cant stress drops occur near this maximum, and
the popping out of <c + a> dislocations was observed
successively (shown in Fig. 35f), resulting in an ar-
ray of <c + a> dislocations. In this specific case,
the pre-existing <c + a> dislocations in Fig. 35b
stayed immobile until the very end, probably due to
the strong pinning force due to the high-density dis-
location structure. Yu et al. [258] also pointed out
that, in some other cases, the <c + a> dislocations
moved through a depinning process instead of op-
erating as a dislocation source.

Tang et al. [259] investigated the specific slip
mechanisms on {1011} and {1122} pyramidal
planes of an hcp magnesium single crystal. Their
results implied that the slip on {10i 1} plane is more
likely to nucleate with a relatively easy dissociation
type comparing to the one on {11 22} plane and no
twinning was found under c-axis compression by
examining the stepwise movement of atoms involved,
fully supporting the experimental observations of
micro-compression and the theoretical analysis on
twinning formation [61,62].

The strong size effect on deformation twinning
in hcp metals can be correlated with the availability
of dislocation sources which are less in small sam-
ples. In the “stimulated slip” model proposed by Yu
et al. [59] the formation of a deformation twinning is
accomplished by the stimulated slip plane by plane,
and the stimulated slip between two planes is
catalyzed by promoter defects, such as screw dis-
location poles. Since the surface in single crystal
materials will determine the confined volume to re-
strict the number of dislocations, it is believed that
the number of available “promoters”is less in smaller
volumes. Therefore, the smaller the dimension of
the sample, the less possibility of coupling two ad-
jacent slip planes by threading screw pole disloca-
tions, and thus less probability of having deforma-
tion twinning mechanism. The disappearance of
twins in sub-micron and micro-sized samples of Mg
and Ti alloy confirm this theory [61,62,64]. Guo et
al. [260] investigated the “loss” of the twins phe-
nomenon by applying MD simulation on compres-
sion of Mg single crystals. Their result showed that
pyramidal <a+c> is the main deformation mecha-
nism under c-axis compression at the nano-scale.
As they concluded based on their MD simulation
results, no twins should occur under the c-axis com-
pression in a perfect magnesium single crystal at
the nano-scale, while twinning dominates the defor-
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mation under the c-axis tension. This means that
the confounded tension-compression asymmetry for
magnesium and its alloys is closely related with
the difference of deformation mechanisms, respec-
tively, under tension and compression [261].

Ren et al. [262] predicted an inverse “smaller is
stronger” effect (Fig. 36) in Ti nanopillars with widths
less than 7 nm that are orientated for double prism
slips. This prediction was attributed to the surface
effect caused by a thermal vibration of the surface
atoms. As they described, since surface becomes
the primary dislocation source in the defect-free
nanopillars, the plasticity of the pillars is controlled
by the edge dislocations, which nucleate on the
surface when the pillar width is less than 7 nm. This
critical size is dependent to the pillar orientation
[172].

Byer and Ramesh [171] investigations on the
effects of the initial dislocation density showed that

decreasing the initial dislocation density in single
crystal magnesium results in a stronger size effect
in terms of both increased strength and stochasticity
with decreasing pillar size. As shown in a simple
schematic in Fig. 37, at relatively larger scales, as
the size of the specimen decreases and the number
of preexisting sources (or “promoters”) of twinning
formation reduces, the formation of twinning be-
comes harder and harder. The effect of size reduc-
tion is more significant on the required stress for
nucleation of deformation twining than its effect on
the required stress for dislocation nucleation and
motion [59]. As shown on Fig. 37, there is a size
regime where the stress required for deformation
twinning is higher than that for nonbasal <c+a> dis-
locations, which would explain the lack of twins seen
in the micrometer-scale Mg pillars [60,61]. Simul-
taneously, as the sample size decreases, the ef-
fect of surface area increases and leads to easier
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lation of the size and surface effects on the defor-
mation twinning. a is a positive exponent, 0 <a < 1.
Reprinted with permission from Yu Q, Mishra RK,
Minor AM. 2012. The Effect of Size on the Deforma-
tion Twinning Behavior in Hexagonal Close-Packed
Tiand Mg. Jom 64, [64]: © 2012, Springer Nature.

nucleation of defects. So, at the smallest sizes,
the easy nucleation of twinning dislocations at the
surface can again lead to the appearance of defor-
mation twins, but the relative stress levels for the
various mechanisms is different.

Zhang et al. [66] presented mechanism maps
that provides regimes of dominant deformation
modes that govern the macroscopic yield stress in
HCP single crystals as a function of specimen size,
source density and macroscopic stress. Fig. 38
shows their presented mechanism map which in-
corporates all the deformation modes (slip, twin
nucleation and twin growth) based on a 95% devia-
tion of the weakest source distribution as a function
of sample size and applied stress. They used the
reported experimental to verify their mechanism
maps and the expected deformation modes corrobo-
rated reasonably well with experimentally observed
modes for Mg [171,254,263] and Ti-alloy [59] ) sin-
gle crystals.

4. CONCLUSION

Advent of in situ experiments and improvement of
simulation techniques has provided required tools

to understand plasticity and deformation mecha-
nisms of small scales. Between the mechanical
tests, the nano-compression has been mainly used
to understand the behavior of small scale single crys-
tals. The following conclusions are drawn from the
current literature on the subject:

- While size effect in small scale is not linked to a
specific fabrication technique, the FIB milling intro-
duced defects to the sample could result in lower
observed strength than the near theoretical strength
supposed to be observed in a perfect crystal. The
influence of this damaged surface layer increases
with decreasing specimen size and could result in
measuring the composite mechanical response of
a material and its FIB-modified surface rather than
measuring the intrinsic properties of a material.

- Plasticity of small scale fcc metals depends on
the dislocation density as well as surface and inte-
rior sources of dislocation nucleation. Depending
on the initial dislocation density, there is a critical
size for the submicron and nano-scale samples,
below which the dislocation loss rate will exceed
the multiplication rate and thus nucleation of sur-
face dislocations and dislocation starvation harden-
ing will likely dominate the plastic deformation proc-
ess. Otherwise, multiplication of internal disloca-
tion sources (appears as single arm sources at small
scales) and the length of effective source should
control the plastic flow. However, in some sizes,
both mechanisms occur in a stochastic way.

- While dislocation-mediated deformation is ex-
pected to become inactive below a critical size (be-
tween 10 to 30 nm), some simulation results indi-
cating the effect of strain rate, describing that “lig-
uid-like” deformation is expected to be observed
under low strain rate. However, in high-speed defor-
mation, dislocation rebounding at surface and mul-
tiple dislocation generation through self-dissociation
will result in rapid proliferation of dislocations, and
as such may play a role in high-stress and high-
strain-rate plastic deformation.

- The size scale of bcc small samples is highly
dependent on the deformation temperature as their
deformation mainly governs by screw dislocations
and the Peierls stress is strongly depends on the
temperature. With decreasing critical temperature
or pillar diameter, the effect of relative screw dislo-
cation immobility becomes less important (due to
the kinetic pile-ups of screw dislocations and kink
nucleation at the surface) and consequently the
strength of bcc pillars are determined by disloca-
tion starvation model like fcc metals. Therefore, some
bce metals with low Tc, such as V, display disloca-
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tion starvation mechanism, due to their low sp which
facilitates dislocation motion and its easier removal
from the body of the nanopillar. At temperature lower
than Tc, mechanism is quite the opposite of fcc
metals and rather than annihilating at the free sur-
faces, dislocations in bcc metals have been found
to pile-up in the vicinity of dislocation sources and
interact with the sample surface and form intricate
networks as a result of mechanical deformation even
in the smallest pillar size of ~200 nm diameter.

- The required stress for deformation twinning in hcp
singe crystals increases with decreasing sample
size, until the sample size is reduced to a critical
size (near one micrometer), depending to the com-
position as well as kinetic factors such as tempera-
ture and strain rate, below which the deformation
twinning is entirely replaced by dislocation plastic-
ity. As the sample size decreases to nanometer-
scale, the effect of surface area increases and re-
sults in easy nucleation of twinning dislocations at
the surface and deformation twins appear again in

nano-sized samples. However, orientation plays an
important role in small scale plasticity of hcp met-
als as basal slip oriented micro crystals deform only
by slip while twin oriented crystals deform by both
slip and twinning modes. It is expected that the ef-
fect of orientation becomes less important in nano-
sized samples.
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