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Abstract. Severe plastic deformation by the high pressure
torsion (HPT) leads to the phase transitions and strong grain
refinement. The starting ˛ Zr-phase in Zr alloyed by 2.5 and
8 mass% Nb transforms into ˇ C ! mixture. This ˇ C !

phase mixture can be found in the equilibrium phase dia-
gram at higher (effective) temperature (Teff D 620°C for
Zr-2.5 mass% Nb and Teff D 550°C for Zr-8 mass% Nb).
The published papers on phase transitions during HPT are
analysed and the values of effective temperature are esti-
mated. Contrary to the increasing temperature, the increas-
ing pressure slows down the diffusion and grain boundary
migration. Therefore, the forced atomic movement during
HPT produces the states equivalent to higher temperature,
but not to the higher pressure.
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1 Introduction

It has been demonstrated recently that concept of effective
temperature originally proposed for the materials under se-
vere irradiation [1] is applicable also for severe plastic de-
formation (SPD) [2]. If the atomic movements driven by
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an external action (deformation or irradiation) are higher
in comparison with the conventional thermal diffusion,
the material is forced to undergo into the state which is
equivalent to the state at a certain increased (effective)
temperature Teff. One can estimate Teff if the phases in
a material after SPD treatment differ from those before
SPD [2]. This method is quite productive since SPD fre-
quently leads to the phase transformations [3] e.g. the for-
mation [4–12] or decomposition [13–15] of a supersatu-
rated solid solution, dissolution of phases [16–28], disorder-
ing of ordered phases [19–31], amorphyzation of crystalline
phases [32–40], synthesis of the low-temperature [21, 28],
high-temperature [41–43] or high-pressure [44–52] al-
lotropic modifications, and nanocrystallization in the amor-
phous matrix [53–61]. Some of these phase transformation
need only a small shift of atoms, for other ones the long-
range mass transfer is needed. The results of such SPD-
driven transitions cannot be explained by the bulk or even
grain boundary diffusion at the SPD temperature (which
usually remains slightly above ambient one).

It is rather easy to estimate the Teff if one can find
the phases existing in a material before and after SPD in
an equilibrium “temperature-composition” phase diagram.
But it becomes a real challenge if the high-pressure phases
appear during SPD. The good object for such experiments is
the titanium group of elements (Ti, Zr, and Hf). Ti, Zr, and
Hf all have the hcp crystal structure (˛-phase) at room tem-
perature and zero pressure. At high temperature and zero
pressure they transform to the bcc structure (ˇ-phase) be-
fore reaching the melting temperature [62]. At room tem-
perature and under pressure they undergo a crystallographic
phase change into the so-called !-structure [63–77]. At
even higher pressures both Zr and Hf have been observed
to transform to the bcc structure (ˇ-phase) [67, 68, 75, 76].

Zr-Nb alloys play an important role in the energy pro-
duction being the main material for the cladding of nuclear
fuel in the nuclear power plants [78,79]. Most common are
the Zr-2.5 mass% Nb alloys. Zr-Nb alloys are also use-
ful for medical applications [80]. SPD by high-pressure
torsion (HPT) permits to obtain the extremely fine-grained
structure in Zr and Zr alloys [46–50, 77]. They contain also
the high pressure !-phase which remains quenched after re-
lease of high pressure. The !-phase appears after SPD also
in Ti but not in Hf [49, 52, 81]. If one compares the phases
in Zr, Ti and Hf alloys before and after SPD with the equi-
librium high-pressure phase diagrams, one can estimate the
effective temperature during SPD treatment [2]. The inves-
tigation of phase transformations in the HPT-treated Zr-Nb
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Figure 1. (a) SEM micrograph of the as-cast Zr-2.5 mass% Nb alloy. (b) bright field (left) and dark field (right) TEM
micrographs of the HPT-treated Zr-8 mass% Nb alloy.

alloys and the comparison with Ti and Hf alloys was the
goal of this work.

2 Experimental

The Zr-Nb alloys with 2.5 and 8 mass% Nb were investi-
gated. The alloys were prepared of high purity components
(4N Zr and 4N Nb) by the vacuum induction melting. The
melt was poured in the vacuum into the water-cooled cylin-
drical copper crucible of 10 mm diameter. After sawing,
grinding, and chemical etching, the 0.7 mm thick disks cut
from the as cast cylinders were subjected to HPT in a Bridg-
man anvil type unit (room temperature, pressure 5 GPa,
5 torsions, 1 rotation-per-minute). After HPT, the central
(low-deformed) part of each disk (about 3 mm in diame-
ter) was excluded from further investigations. The samples
for structural investigations and calorimetry were cut from
the deformed disks at a distance of 4–5 mm from the sam-
ple center. For this distance the shear strain is � 6. The
2 mm thick slices were also cut from the cylindrical ingots,
then divided into four parts. After quenching, samples were
embedded in resin and then mechanically ground and pol-
ished, using 1 µm diamond paste in the last polishing step,
for the metallographic study. After etching, samples were
investigated by means of the light microscopy (LM) and by
scanning electron microscopy (SEM). SEM investigations
have been carried out in a Tescan Vega TS5130 MM micro-
scope equipped with the LINK energy-dispersive spectrom-
eter produced by Oxford Instruments. LM has been per-
formed using a Neophot-32 light microscope equipped with
a 10 Mpix Canon Digital Rebel XT camera. The samples
for TEM investigations were prepared by ion milling on
the PIPS machine. TEM investigations were carried out on
a TECNAI F2 electron microscope with acceleration volt-
age of 200 kV. The dark field image was taken in the most
bright reflection to which contribute both ˛ and ! phases.

X-ray diffraction (XRD) data were obtained on a Siemens
diffractometer (Co Kff radiation). Grain size was estimated
by the XRD line broadening and using the Scherer for-
mula [82]. Both the as-cast coarse-grained CG and fine-
grained HPT-samples were studied with the aid of differen-
tial scanning calorimetry (DSC) using the NETZSCH Pe-
gasus 404C calorimeter in the dry argon atmosphere, Al2O3

crucibles and at the cooling and heating rates of 20 K=min.
In order to record the DSC curves, the samples were heated
from 100 to 900ıC. Thermodynamic calculations were per-
formed using thermodynamic data of Guillermet [83] where
solid solutions bcc and hcp as well as liquid solution were
described by substitutional model. The bcc phase was de-
scribed as single phase which forms miscibility gap in the
composition range from 8 to 81 mass% Zr and temperatures
from 620 up to 976ıC. Thermo-calc software [84] was used
to calculated equilibrium phase diagrams and diffusionless
transformation hcp$bcc.

3 Results

Figure 1a shows the SEM micrograph of the as-cast Zr-
2.5 mass% Nb alloy. The grain size in both CG as-cast
alloys determined with the aid of SEM and LM was about
100–300 µm. Figure 1b shows the bright field and dark field
TEM micrograph of the HPT-treated Zr-8 mass% Nb alloy.
HPT drastically refined the grains. Both Zr-Nb alloys be-
came ultra-fine grained (UFG). Grain size of the !Zr after
HPT estimated for (111) reflection in XRD was about 14 nm
and 7 nm for the alloys with 2.5 mass% and 8 mass% Nb,
respectively (Figure 2). As to the ˇZr, its grain size was es-
timated after the deconvolution of the corresponding peaks,
as they are overlapped with those from ˛ and ! phases. Cal-
culations gave the values of 24 nm and 11 nm for the alloys
with 2.5 mass% and 8 mass% Nb, respectively.
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Figure 2. XRD curves for the UFG Zr-2.5 mass% Nb and UFG Zr-8 mass% Nb allos after HPT.

Figure 3. The part of the Zr-Nb equilibrium phase diagram.
Dashed line shows the martensitic martensitic ˛Zr$ ˇZr
transformation.

XRD-spectra of CG as-cast alloys demonstrate that they
contain mainly ˛Zr with hexagonal closely-packed lattice.
The Nb-rich body-centered cubic phase is absent. Small
amount of ˇZr is present in the CG as-cast alloys. Nb-
poor ˇZr has a body-centered cubic lattice and is iso-

morhous to the Nb-rich bcc-phase. The calculated phase
diagram (Figure 3) reproduces experimental data [62] very
well. Below the temperature of a monotectoid transforma-
tion Tmon D 620ıC the stable assemblage is ˇNb C ˛Zr
according to the Zr-Nb phase diagram (Figure 3). Above
monotectoid reaction and composition Nb <19 mass%, ˇZr
is in equilibrium with ˛Zr phase which transforms to ˇZr
single phase with temperature increase. For compositions
with Nb > 19 mass% and temperatures between monotec-
toid reaction and critical point Tc D 976ıC a two-phase
area ˇZr C ˇNb (Figure 3) exists. After HPT both fine-
grained Zr-Nb alloys contain mainly the !Zr phase (Fig-
ure 2). The !Zr phase possesses the hexagonal C32 struc-
ture [86]. At the diffraction angle 2‚ D 54ı the peak of
a !Zr (C32) phase is clearly visible without overlapping
with peaks of other phases. ˛Zr (hcp-phase) almost dis-
appeared after HPT. The Nb-rich (ˇNb -phase) is absent
both after and before HPT. All diffraction peaks of the ˇZr
phase are very close to the peaks of !Zr (C32) phase (Fig-
ure 2). Nevertheless, the positions of the diffraction peaks
at 2‚ D 60ı, 76ı, 91ı and 105ı for the Zr-2.5 mass% Nb
alloy after HPT almost perfect coincide with tabulated val-
ues for the 201, 300, 220-and 311 peaks for the !Zr (C32)
phase. In the Zr-2.5 mass% Nb alloy the same diffraction
peaks are shifted to the right and are positioned between
the respective tabulated values for the !Zr (C32) and ˇZr
phases. In other words, the amount of ˇZr phase after HPT
is much higher in the Zr-2.5 mass% Nb alloy than in the
Zr-8 mass% Nb one.
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Figure 4. The temperature dependences of heat flow DSC by heating (upper curves) and by cooling (lower curves) for (a)
as-cast CG Zr-2.5 mass% Nb alloy, (b) as-cast CG Zr-8 mass% Nb alloy and (c) UFG Zr-2.5 mass % Nb alloy after HPT
(first heating).
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Figure 5. The temperature dependences of heat flow DSC by heating (upper curves) and by cooling (lower curves) for
(a) UFG Zr-2.5 mass% Nb alloy after HPT (second heating), (b) UFG Zr-8 mass% Nb alloy after HPT (first heating), (c)
UFG Zr-8 mass% Nb alloy after HPT (second heating).
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In Figure 4 and Figure 5 the temperature dependences of
heat flow (DSC curves) are shown for the as-cast and HPT-
treated Zr-Nb alloys. In the as-cast CG Zr-2.5 mass% Nb
alloy (Figure 4a) two heat effects are clearly visible. The
first one is due to monotectic reaction ˛Zr C ˇNb $ ˇZr
(onset at 623.1ıC) and the second one is due to change of
the ˛Zr C ˇZr two phase area into single ˇZr phase field
(e.g. Figure 3) around 820ıC. These temperatures are very
close to the respective ones in the equilibrium Zr-Nb phase
diagram (Figure 3). The onset at 491.8ıC can be explained
by the transformation of retained ˇZr which is visible in
the XRD-spectrum of as-cast CG alloys [87] into equilib-
rium assemblage ˇNb C ˛Zr, which further transforms to
ˇZr C ˛Zr (622.1ıC) up to complete transformation to ˇZr
starting at 748.2ıC and showing deep minimum at 820ıC.
The transformation of ˇZr to ˛Zr C ˇZr is indicated on
cooling curve (on-set 784.9ıC). The temperature of trans-
formation on heating is close to temperature of reverse
transformation on cooling. This confirms that both transfor-
mations are diffusion controlled. The DSC curve for the as
cast Zr-8 mass% Nb alloy looks different (Figure 4b).The
non-equilibrium phase ˇZr found in as-cast Zr-8 mass%
Nb alloy transforms into ˛Zr phase at 441.0ıC, the follow-
ing transformation of ˛Zr into ˇZr occurs as martensitic
at 514.4ıC. This is in agreement with calculated marten-
sitic transformation shown by dashed line at Figure 3. At
further heating martensite ˇZr continuously transforms into
equilibrium assemblage ˛ZrCˇZr which finally transforms
into stable ˇZr at 728.9ıC corresponding to deep minimum
at DSC curve. Only one exothermic effect was observed
on cooling at temperature (onset 523.6ıC) which is much
lower than minimum on heating. This exothermic effect
can be attributed to diffusionless transformation of ˇZr to
˛Zr. The temperature of this effect is in a good agree-
ment with calculated temperature of diffusionless transfor-
mation. It should be mentioned that both as-cast samples
Zr-2.5 mass% Nb and Zr-8 mass% Nb reproduce their be-
havior during second heating and cooling.

The curves for the HPT-treated samples are quite differ-
ent. First, the reaction with a very pronounced heat effect
starts at 491.1ıC in the Zr-2.5 mass% Nb alloy (Figure 4c)
and at 441.7ıC in the Zr-8 mass% Nb alloy (Figure 5b).
This reaction does not proceed in the repeated DSC-run
(Figures 6a and 5c), if the HPT-treated samples are cooled
down after first DSC-run and heated again. Therefore, these
onset can be attributed with transformation of metastable
!Zr into ˛Zr one. It has to be underlined that not only
the amount of !Zr is lower in the Zr-8 mass% Nb alloy
(compare spectra in Figure 2), but also it transforms to ˛Zr
phase at lower temperature. The second feature in alloy
Zr-2.5 mass% Nb at 567.0ıC can be explained by the trans-
formation of metastable ˇZr found in HPT treated alloy into
˛Zr phase. The second heat effect for Zr-8 mass% Nb al-
loy can be explained by diffusionless transformation of ˛Zr
to ˇZr. The calculated dashed line in Figure 3 is for the

the martensitic ˛ $ ˇ transformation can be used to in-
terpret the DSC curves of HPT-treated alloys. It should be
mentioned that all transformations at temperatures below
620ıC occur by diffusionless mechanism. The diffusion-
controlled transformation from ˛Zr into ˇZr through the
two-phase ˛ C ˇ region (e.g. Figure 3) is not visible in the
DSC curves for both HPT-treated alloys. Probably equilib-
rium assemblage ˛ C ˇ are continuously forming during
heating of martensite ˛Zr or ˇZr which further transforms
to stable single phase ˇZr. It should be mentioned, it is
known the ˛ $ ˇ transition in Zr and Ti alloys can proceed
as diffusionless martensitic one [88, 89]. The martensite
˛Zr in Zr-2.5 mass% Nb alloy continuously transforms to
equilibrium ˛ZrCˇZr assemblage which finally transforms
to stable single ˇZr phase showing the deep minima in DSC
curves at 750ıC in the Zr-2.5 mass% Nb alloy. Martensite
ˇZr in the Zr-8 mass% Nb alloy continuously transforms to
equilibrium ˛ZrCˇZr assemblage which finally transforms
into stable ˇZr at 710ıC. The grain size effect on presence
or absence of martensitic transformation has been observed
in precipitates in Zr-1 mass% Nb alloy [89]. Therefore,
we can suppose that the clear change from diffusional to
martensitic transformations in the HPT-treated Zr-Nb alloys
in comparison with as-cast alloys could be due to the SPD-
driven grain refinement.

4 Discussion

Usually, the high applied pressure decreases the diffusivity
and grain boundary mobility [90, 91]. However, the atom
movements caused by strong external forces can drive both
accelerated diffusion and phase transformations in the ma-
terial [85]. Historically, such unusual behavior was first
observed in the materials under severe irradiation [1]. G.
Martin proposed the simplified mean-field description of
solid solutions subjected to irradiation-induced atomic mix-
ing [1]. His main idea was that the forced mixing induced
by irradiation emulates the increase of entropy and changes
the thermodynamic potentials in the alloy. In a simple case
of regular solution in the Bragg–Williams approximation a
law of corresponding states was formulated: The equilib-
rium configuration of the solid under irradiation flux ' at
temperature T is identical to the configuration at ' D 0 and
a certain effective temperature

Teff D T .1 C �/: (1)

If the irradiation-driven movements of atoms are similar
in amplitude to conventional diffusion jumps, they can be
described by the “ballistic” diffusion coefficient Dball and
� D Dball=Db, where Db is conventional bulk diffusion
coefficient, possibly increased due to the non-equilibrium
defect concentration [1]. It means that one can use the equi-
librium phase diagram for the description of the system un-
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Figure 6. The schematic binary phase diagram showing
the points of HPT deformation or other thermal treat-
ments (stars) and respective configuration points at the
(increased) effective temperatures. Other explanations are
in the text.

der irradiation, but at Teff instead of the actual temperature
T . For example, if the liquid phase is present in the phase
diagram at Teff, the amorphous phase would appear under
irradiation [1, 92].

For checking of the applicability of the Martin’s law (1)
to the forced diffusion driven by pure shear deformation
(DHPT/ instead of irradiation (Dball/ the experiments where
HPT led to the phase transformations have to be analyzed.
We chosen for the comparison the data where (i) the HPT-
driven atomic movements are comparable with each other,
i.e. HPT was performed at 4–6 GPa with 4–6 torsions and
(ii) the phases appeared after HPT can be easily localized in
the phase diagrams and are different from those present in
the samples before HPT.

The composition of the phases after SPD allows to lo-
calize those phases in the respective equilibrium phase di-
agram and to estimate the effective temperature Teff. Such
a schematic diagram is shown in Figure 6. In Figure 6 the
dashed vertical lines denote compositions of various alloys.
Figurative points corresponding to the effective temperature
of the alloys are indicated by an open circle and numbered.
Each star with a letter indicates the composition and tem-
perature of an alloy’s treatment (normal cooling, SPD or
rapid quenching).

The results of the work on HPT of Co-Cu alloys are
schematically shown by the points a, b and 2 (Figure 6) [2].
The composition of the supersaturated solid solution of the
component B in � -phase of A corresponds to the point

b. This undercooled supersaturated solid solution in the
metastable � -phase is HPT-treated in the point a. After HPT
the almost pure ˛-phase of A is formed as a consequence of
� -˛ transition. It corresponds to the point 2. The respective
Teff D 400ıC for the Co-Cu system.

The supersaturated solid solution in the as-cast Al-30
mass% Zn alloy contained about 15 mass% Zn [13, 14].
It corresponds to the point b in Figure 6. The HPT at
room temperature (point a/ produced nanograined pure Al
(point 1) and pure Zn particles simultaneously leading to
the unusual softening [13, 14]. The respective Teff D 30ıC.
The homogenized one-phase solid solutions in the Cu-Ni al-
loys with 42 and 77 mass% Ni (point 3) decomposed after
HPT at room temperature (point a/ into Cu-rich and Ni-rich
phases [15]. The composition of resulted phases permitted
to estimate Teff D 200ıC for the Cu-77 mass% Ni alloy and
Teff D 270ıC for the Cu-42 mass% Ni alloy [15].

The Fe-20 mass% (Nd,Pr)-5 mass% B-1.5 mass% Cu
alloy containing crystalline phases [(Nd,Pr)2Fe14B and Pr-
rich phase] transforms after HPT (point c/ into a mixture of
the amorphous phase and (Nd,Pr)2Fe14B nanograins [16].
According to the Martin’s model this means that the Teff is
so high that the configurative point for the treated alloy is
in the two-phase area where both solid and liquid phases
are present (point 4, Figure 6). The melt appears in the Nd-
Fe-B system above eutectic temperature Te D 665ıC [17].
It means that the effective temperature is slightly above
Te D 665ıC and can be estimated as Teff D 700ıC.

The coarse-grained as-cast Ni-20 mass% Nb-30 mass%
Y and Ni-18 mass% Nb-22 mass% Y alloys contained be-
fore HPT the NiY, NbNi3, Ni2Y, Ni7Y2 and Ni3Y phases
(point g/ [36, 39]. After HPT these alloys transformed
into a mixture of two nanocrystalline NiY and Nb15Ni2
phases and two different amorphous phases (one was Y-
rich and another Nb-rich) (point 6). The Ni-Nb-Y phase
diagram contains two immiscible melts above 1440ıC [93].
Therefore, the effective temperature is slightly above Te D
1440ıC and can be estimated as Teff D 1450ıC. It is re-
markable that the rapid solidification of these alloys from
the liquid state (point f / also allows obtaining the mixture
of two amorphous phases.

Especially valuable data on the effective temperature of
SPD can be extracted from the work on HPT of Ti-48.5 at%
Ni, Ti-50.0 at% Ni and Ti-50.7 at% Ni alloys [33]. The
HPT of equiatomic Ti-50.0 at% Ni alloy at room tempera-
ture (point e/ resulted in the fully amorphous state (point
5, Teff D 1350ıC, respectively). The HPT of the non-
equiatomic Ti-48.5 at% Ni alloy at 270ıC (point h/ pro-
duced the mixture of amorphous and nanocrystalline phases
(point 7, Teff D 1050ıC). When the HPT temperature of the
Ti-48.5 at% Ni alloy increased up to 350ıC (point h/, only
the mixture of nanocrystaline phases formed, without amor-
phous phase. It means that the corresponding point moved
from the position 7 in the Œı C L� region into position 8
in the two-phase [ı C � ] region and the effective tempera-
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ture decreased to Teff D 950ıC. The HPT of another non-
equiatomic Ti-50.7 at% Ni alloy at 200ıC (point j / pro-
duced the mixture of amorphous and nanocrystalline phases
(point 9, Teff D 1250ı C). When the HPT temperature of the
Ti-50.7 at% Ni alloy increased up to 250ıC (point k/, only
the mixture of nanocrystaline phases formed, without amor-
phous phase. It means that the corresponding point moved
from the position 9 in the [ıCL] region into position 10 in
the two-phase ıCˇ region and the effective temperature de-
creased to Teff D 1100ıC. Therefore, it can be clearly seen
from the data obtained by Prokoshkin et al. [33] that the
increase of the HPT treatment temperature leads to the de-
crease of Teff. It is in full accordance with the equation (1)
because the increase of T leads to increase of Db, and at the
same time the amount of deformation-driven atomic move-
ments characterized by DHPT remains unchanged.

Last group of the results are the experiments on the so-
called nanocrystallization. The rapid solidification of these
alloys from the liquid state (point d/ produces the fully
amorphous phase. Afterwards the amorphous phase was
subjected to the HPT at room temperature (point c/. HPT
led to the formation of crystalline nanoparticles in the amor-
phous matrix (point 4). The position of point 4 in a re-
spective phase diagram slightly above the Te permits to es-
timate Teff. For the nanocrystallized Ni-29 mass% Fe-15
mass% Co-10 mass% B-2 mass% Si alloy [53] our esti-
mation gives Teff D 1000ıC. For the nanocrystallized Cu-
20 mass% Zr-20 mass% Ti alloy [54] Teff D 700ıC. For
the nanocrystallized Al-8 mass% Ce-5 mass% Ni-2 mass%
Co alloy [55] Teff D 400ıC. For the nanocrystallized Fe-
6 mass% Si-13 mass% B alloy [56] Teff D 1100ıC. For the
nanocrystallized Zr-5 mass% Ti-20 mass% Cu-10 mass%
Al-8 mass% Ni alloy [57] Teff D 1100ıC. We have to un-
derline again that the effective temperatures determined in
this way are much higher than the macroscopic temperature
of the SPD-treatment which is usually only slightly above
the ambient one. From this pont of view HPT strongly dif-
fers for example from the friction stir processing where the
part being processed is really “lightening” during the treat-
ment [94–96].

The HPT-treatment in our work at 5 GPa produce the
!Zr high-pressure allotrope. Therefore, the usage of equi-
librium “temperature - composition” diagrams (like in Fig-
ure 6) is not enough to estimate the effective temperature
of SPD. As we already mentioned above, the high pressure
always decreases the diffusivity and grain boundary mobil-
ity [90, 91]. It means that in order to explain the increased
atomic fluxes during SPD we need the increased Teff, and
we have to search for the respective phases in the “tem-
perature – pressure” or even the “temperature – pressure –
composition” phase diagrams.

In Figure 7 the “temperature – pressure ” phase diagrams
is shown for the Ti, Zr and Hf obtained in static experiments
with the nearly-hydrostatic conditions [64–76]. These dia-
grams for Ti, Zr and Hf are homologous. In all three metals

Figure 7. “Temperature – pressure” equilibrium phase di-
agram for titanium (crosses, thin lines), zirconium (stars,
middle-thick lines) and hafnium (pentagons, thick lines).

the high-pressure !-phase (C32) appears at room tempera-
ture. The !Zr phase becomes stable at room temperature
above 3.4 GPa (star) [69]. Various room-temperature ex-
periments for Ti have shown a transition from ˛ to the !

phase at a pressure of 11.9 GPa [63], 2–7 GPa [64], 2.9–
7.5 GPa [65, 66], or 8 GPa (double cross with horizontal
error bar) [67, 68].The !Hf appears above 38 GPa (pen-
tagon [67, 68]. The temperature of ˛ $ ˇ transition de-
creases with increasing pressure. After the ˛=ˇ=! triple
point the temperature of ! $ ˇ transition continues to de-
crease with increasing pressure. The ˛=ˇ and !=ˇ equilib-
rium lines for Ti are positioned at higher temperature than
that for Zr. In turn, the ˛=ˇ and !=ˇ equilibrium lines for
Hf lie even higher. The transitions from ! to ˇ phase at
room temperature proceed in Ti above 87 GPa [67, 68], in
Zr at Œ35 ˙ 3� GPa [75, 76] and in Hf at 71 GPa [67, 68].

In Figure 8 the conditions of HPT (small full symbols)
and the estimated values of effective temperatures (large
open symbols) are shown for Ti, Zr and Hf. The start-
ing ˛-phase in 99.8 mass% pure Zr [46] and commercially
pure Zr [48] transforms into the ! C ˇ mixture after HPT
with 1 rpm and 5 rotations at 3 and 6 GPa (full squares, Fig-
ure 8b) [46, 48]. This fact permits to estimate the Teff at the
!=ˇ equilibrium line as 650ıC (open square). After HPT
at 1 GPa [46,48,97], 2 GPa [46,50], 3 and 4 GPa [46] the ˛-
phase does not transform in other phase(s). It does not per-
mit to estimate the effective temperature of HPT process.
The HPT at 6, 14, 22, 30 and 40 GPa with 1 rpm and 5 rota-
tions (small full pentagons) transforms the starting ˛-phase
into !-phase [50]. However, the !-phase is in equilibrium
at room temperature above 3.4 GPa (star) [69]. Therefore,
one cannot estimate the effective temperature using these
results. The HPT of an Zr-2.5 mass% Nb alloy at 0.25, 0.5
and 5 GPa with 0.2 rpm and 5 rotations (full circles) permits
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to transform the starting ˛-phase into the ˛ C ˇ C ! phase
mixture [44]. This mixture can be found in the ˛ C ˇ C !

triple point at 670ıC (large open circle). In our work the
HPT of Zr-2.5 mass% Nb and Zr-8 mass% Nb finishes in
the ˇ C ! mixture, almost without ˛-phase. Also, the ad-
dition of Nb decreases the temperature of ˛-ˇ transition at
ambient pressure (see also phase diagram in Figure 3). One
can suppose that the temperature of ˛-ˇ (and !-ˇ/ transi-
tion decreases in Zr-Nb alloys also at high pressures. The
dashed lines starting in stars at 0.1 MPa show this shift for
2.5 and 8 mass% Nb. The respective effective temperatures
are shown by large open squares and are Teff D 620ıC for
Zr-2.5 mass. % Nb and Teff D 550ıC for Zr-8 mass% Nb.

Figure 8a shows the results of the estimation of the ef-
fective temperature(s) for titanium. After HPT at room tem-

perature at 1.5 GPa [51, 81], 2 GPa [46, 51], 3, 4 GPa [51],
and 5 GPa [51, 98–100] the ˛-phase does not transform in
other phase(s) (full diamonds in Figure 8a). The ˛-phase
remains ˛-phase also after HPT at 6 GPa with 10 rotations
performed at 20, 70, 200, 300, 350, 400 and 450ıC [100].
These experiments do not permit to estimate the effective
temperature of HPT process. The HPT at 6, 14, 21, 28 and
40 GPa with 0.2 rpm and 5 rotations (small full pentagons)
transforms the starting ˛-phase into !-phase [51]. How-
ever, the !Ti is in equilibrium at room temperature above
7:4 ˙ 5 GPa (star) [63–68]. Therefore, one cannot estimate
the effective temperature using these results. Only in the
work of Y. Ivanisenko et al. [52] on HPT of titanium (where
the starting ˛-phase transformed into the ˛ C ! mixture)
permits to estimate the effective temperature. The HPT of
commercially pure Ti have been performed with 1 rpm at 3,
4 and 5 GPa with 5 rotations and at 6 GPa with 0.5, 1, 5 and
10 rotations. The amount of !-phase increased both with
increasing pressure (at constant rotation number) and with
increasing rotation number (at constant pressure) [52]. The
mixture of ˛ and ! phases have been obtained also after
HPT at room temperature at 5 GPa, 0.2 rpt, up to 10 rota-
tions [81]. The large open triangle at Teff D 400ıC shows
the position in the phase diagram which corresponds to the
transformations observed in References [52, 81].

Figure 8c shows the results of the estimation of the ef-
fective temperature for hafnium. In the work of Edalati et
al. [49] the pure Hf (99.99%) have been processed by HPT
under pressures of 4 and 30 GPa. X-ray diffraction anal-
ysis showed that, unlike Ti and Zr, no !-phase formation
is detected after HPT processing even under a pressure of
30 GPa. It is easy to understand (Figure 8c) because both

Figure 8. “Temperature – pressure” equilibrium phase diagrams with data for HPT-experiments for (a) titanium (crosses,
thin lines), (b) zirconium and (c) hafnium. Small full symbols mark the conditions of HPT-treatment and demonstrate
the phases present in the samples after HPT. Large open symbols mark the effective temperatures in the respective phase
fields. Diamonds are for the pure ˛-phase. Circles are for the ˛ C ! C ˇ mixture. Triangles are for the ˛ C ! mixture.
Squares are for the ! C ˇ mixture. Hexagones are for the pure !-phase.
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pressures are below the ˛Hf$ !Hf equilibrium transition
pressure at room temperature 38 GPa (pentagon) [67, 68].
Generally, the comparison given above shows that HPT of
Ti, Zr or Hf at a certain pressure PHPT do not produce any
phases which are reported in static experiments at higher
pressures Pstat > PHPT. On the contrary, the HPT of Ti,
Zr or Hf at room temperature THPT D Troom easily produce
the phases which can be found in the equilibrium phase di-
agrams at higher temperature Teff > THPT. It is easy to
understand this trend if we recollect that SPD forces the
atomic movements (or shuffling) in addition to the conven-
tional thermal diffusion. This forced “diffusion” at Troom

is then equivalent to the conventional thermal diffusion at
higher temperatures Teff > Troom. Contrary to the increasing
temperature, the increasing pressure slows down the diffu-
sion and grain boundary migration [90, 91]. Therefore, the
forced atomic movement during HPT produces the states
equivalent to higher temperature, but not to the higher pres-
sure.

5 Conclusions

(1) Severe plastic deformation by HPT leads to the phase
transitions and strong grain refinement in Zr-Nb alloys.

(2) The starting ˛Zr-phase transforms into ˇ C ! mixture
and remains quenched in both studied alloys at the am-
bient pressure.

(3) The high-pressure !Zr-phase disappears by heating
only between 400 and 500ıC.

(4) The obtained ˇ C ! phase mixture can be found in
the equilibrium phase diagram at higher (effective)
temperature (Teff D 620ıC for Zr-2.5 mass% Nb and
Teff D 550ıC for Zr-8 mass% Nb).

(5) The published papers on phase transitions during HPT
are analyzed and the values of effective temperature
are estimated.

(6) Contrary to the increasing temperature, the increasing
pressure slows down the diffusion and grain bound-
ary migration. Therefore, the forced atomic movement
during HPT produces the states equivalent to higher
temperature, but not to the higher pressure.
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