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1. INTRODUCTION 

Irradiating a metallic surface with a short laser 
pulse is a method for confining the deposition of 
thermal energy to a very thin surface layer, which 
melts and is subsequently quenched at a very high 
rate. This makes picosecond pulsed laser quenching 
the fastest melt quenching method available. 

In the first part of the paper, the mechanism 
of heating and quenching in picosecond laser quench-
ing is analyzed in some detail, and simple estimates 
are made of the basic quantities (cooling rate, melt 
lifetime, etc.). The possible effects of evaporation 
are also discussed, and shown to be negligible in 
this regime. 

The second part of the paper deals with the 
thermodynamic restrictions on the type of trans-
formations that can occur on the very short time-
scale of the laser quenching process. Which of these 
allowed transformations actually occurs is deter-
mined by the kinetics of the competing solidifica-
tion processes. Depending on the degree of the 
structural rearrangement required to form a crystal 
f rom the melt, its growth can be collision- or dif-
fusion-controlled. It will be shown that only the 
simplest crystal structures or dilute solutions exhibit 
collision-limited growth, which is fast enough not 
to be suppressed even by picosecond pulsed laser 
quenching. 

In the last part of the paper, a brief review of 
the work at Harvard on alloy formation is given. 
The Fe-B system has been investigated most tho-
roughly, and phase formation (glass vs. crystal) 

in this system will be analyzed in some detail. Other 
alloy systems include: Ni-Nb, Mo-Ni, Co-Mo, Co-
Nb, Cu-Ag, Cu-Co, and Nb-Si. 

2. PICOSECOND LASER QUENCHING MECHANISM 

The process of energy deposition, heating and 
cooling in pulsed laser irradiation of solid surfaces 
has been analyzed in detail by a number of authors 
/ l , 2/. Figure 1 illustrates the three stages of the 
process, using parameters corresponding to the 
experiments described later. 

In the first stage, which lasts for the duration 
of the pulse, the laser energy is deposited in a layer 
of thickness a " 1 (a : absorption coefficient). For 
optical light metals, a " 1 is on the order of a few 
tens of nanometers. Since the transfer of the energy 
from the electrons, which interact with the laser 
light, to the lattice occurs on a timescale of less 
than 1 ps, the process can be described as a thermal 
one /3/. Over the duration of the pulse, tp, the 
thermal diffusion length is £ T = ( 2 ϋ Λ Ι ρ ) * In 
metals, ßT lies between 25 and 70 nm, depending 
on the thermal diffusivity (D th = 10~4 to 10"5 

m2 s" 1 ) . Deposition of the absorbed laser energy 
as heat in a layer of thickness CT results in its melting 
and overheating to several thousand degrees. 

It is worth noting that for pulse durations of 
less than 1 ps, ßT becomes less than a ~ 1 . In this 
regime, the thickness of the initial molten layer 
and the thermal gradients become independent 
of the pulse length. For this reason, femtosecond 
pulses, which are very useful for time-resolved 
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Fig, 1: Schematic illustration of the mechanism of pulsed laser quenching. 
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probing of the irradiation process, do not produce 
higher quench rates than picosecond pulses. A ge-
neral discussion of the ßT vs. a"1 regimes is given 
by Bloembergen /1 /. 

In the second stage, which starts at the end of 
the pulse, more of the underlying crystal is melted, 
until the overheat of the melt is spent. The crystal-
melt interface moves away from the surface until 
its temperature drops to the equilibrium melting 
temperature. The maximum melt depth, d, for 
the conditions of Figure 1 (fluence ~ 0.5 J cm" 2 , 
reflectivity ~ 0.1) is about 100 nm. Since the thermal 
gradients in this process are very high (1011 Κ m" 1 ) , 
the melt-in velocity is also large (u ~ 103 m s " 1 ) . 
The melt-in phase is therefore expected to last 
only d/u ~ 100 ps. 

In the third stage, the interface temperature 
falls below the equilibrium melting temperature, 
and the crystal-melt interface reverses direction. 
If the crystal regrowth process is fast enough, the 
entire melt is consumed. Otherwise, i.e., if the melt 
cools to its configurational freezing point before 
crystallizing, a glass is formed. The thermal para-
meters in this regrowth process have been analyzed 
by sophisticated numerical methods (especially 
for silicon), but their order of magnitude can easily 
be estimated from dimensional arguments. The 
temperature scale is determined by the melting 
temperature, T m , which is on the order of 103 K. 
The length scale is set by the melt depth d ~ 10"7 m. 
The average thermal gradient is then VT = T m / d 
~ 1010 K m " 1 , and the corresponding cooling rate 
is t = D t h T/d ~ 1012 K s " 1 . The lifetime of the 
melt, r, is an important experimental parameter, 
which can be estimated as τ = T m / T = 10~9 s. 
This estimate is in agreement with transient reflec-
tivity measurements, which show r to be on the 
order of a few nanoseconds /4-6/. In the analysis 
of crystal growth rate vs. heat removal, it is useful 
to know the velocity, u T , with which isotherms 
move toward the surface during cooling. A simple 
linear estimate gives: u T = T/VT ~ 100 m s " 1 . 

These parameters are summarized in Table 1. 
For comparison, the parameters for conventional 
melt spinning are also listed. The main difference 
there is the greater thickness of the melt, which 
brings the cooling rate, t ~ d" 2 , down to ΙΟ6 Κ s" 1 . 

The rate of evaporation during laser quenching 
can be estimated from the kinetic theory of gases. 
The number of atoms leaving a unit surface per 
second, which is, in equilibrium, equal to the num-

High Temperature Materials and Processes 

T A B L E 1. Thermal Parameters in Melt Quenching 

( f rom ref. 121) 

Laser Melt 

quenching spinning 

Melt temperature T m ( K ) 103 1 o3 

Melt thickness d (m) 1 0 " 7 5 χ 1 0 " 5 

Temperature gradient V T (K/m) 10 1 0 2 χ 10 7 

Cooling rate Τ (K/s) 101 2 4 χ 106 

Melt l i fet ime T(s) 1 0 " 9 not applicable 

Isotherm velocity u T (m/s) 100 0.2 

Heat - f low l imi ted 
crystal growth velocity u h (m/s) 230 0.5 

ber arriving from the vapor at a pressure p, is given 
by Γ = p/(2wkBTM)' /2 (kB : Boltzmann's constant; 
M: atomic mass). At the boiling point, Tb, ρ = 
1 atm, and Γ = 10"23 cm"2 s"1 , or 108 monolayers 
per second. Over the lifetime of the melt this cor-
responds to a loss of less than a monolayer. During 
the energy deposition stage, the surface temperature 
can briefly rise to several thousand degrees above Tb, 
and the corresponding equilibrium vapor pressure of 
104 atm. The duration of this extreme overheat is 
very short, however ( < t p = 30 ps), so that the eva-
poration loss is at most a few tens of monolayers. 
The energy loss rate due to evaporation is ΓΔ1ιν/Ν 
(Ah v : molar heat of evaporation, ~ 10s J mole"1 , 
N: Avogadro's number), which is at most 108 W 
cm 2 . This is still considerably below the absorbed 
laser intensity of 109 Wem" 2 , and hence negligible 
as an energy loss. 

The accuracy of these estimates was checked 
in a simple experiment /7, 8/. A thin metallic ribbon 
was clamped at one end and irradiated with the 
laser pulse at the other end. The recoil pressure 
of the evaporation (equal to half the vapor pressure) 
makes the ribbon oscillate visibly. By measuring 
the amplitude of the oscillation and the bending 
stiffness of the ribbon, the recoil pressure could 
be determined. A value of 1010 N m " 2 was found, 
which is indeed similar to the peak vapor pressure 
estimated above. 

The holes often found after irradiation of a 
surface are therefore not the result of evaporation 
per se, but of mechanical displacement of the liquid 
by the large recoil pressure of the evaporation 
("splashing"). Often the morphology of the dis-
placed material around the hole is direct evidence 
of splashing. Also, in some experiments on thin 
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films supported on a different substrate, substrate 
atoms are sometimes detected on the top surface 
of the film in the vicinity of the hole; this, too, 
can only be explained by splashing. 

3. T H E R M O D Y N A M I C S A N D K I N E T I C S 

The short timescale of the picosecond melt 
quenching process puts restrictions on the type 
of transformations that can occur. For the entire 
molten layer to be crystallized in the regrowth 
stage of Figure 3, the crystal-melt interface velocity 
must be on the order of u = d/r ~ 100 m s" 1 . Note 
that this is also the isotherm velocity, u j , of Table 
1. If the interface lags behind the isotherms, crystal 
growth may be preempted by glass formation. The 
time required to crystallize the monolayer of thick-
ness λ = 0.3 nm at a growth speed u is t j = λ/u 
~ 3 ps. The distance an atom can diffuse in this 
amount of time, (Dgt!)1/2, is less than an interatomic 
distance (D:liquid diffusivity: 10~8 to 10~9 m2 s"1). 
This means that no long-range atomic transport 
can occur under these conditions, and that the 
only type of transformation that can occur is parti-
tionless solidification, either by growth of a crystal 
of the same composition as the melt or by formation 
of a glass. 

The thermodynamic conditions for partitionless 
crystallization are illustrated on the phase diagram 
of Figure 2, which contains two primary solid so-
lutions (α, δ ) and two intermetallic compounds 
(ß, y). The free energy diagram at temperature 
T] shows that partitionless crystallization of the 
liquid (2) to the primary solution δ can only occur 
for compositions χ greater than x„ §g, at the inter-
section of the free energy curves. The locus of the 
points x0 §£ for all temperatures forms the T 0 g g -
line. Partitionless crystallization to the δ-phase 
can only occur below this T0-line. For the other 
phases, similar T0-lines are shown. At a sufficiently 
low temperature, Tg , the atomic transport rate 
(diffusivity) in the liquid state becomes negligibly 
small, so that no transformations can occur on 
a reasonable timescale. The liquid is then confi-
gu rationally frozen and becomes a glass. For a com-
position in the range x' - x" in Figure 2, no crystal-
lization is possible under picosecond laser quenching 
conditions, and therefore only glass formation 
is thermodynamically possible. This thermodynamic 
criterion for glass formation, however, is only a 
sufficient one, and not a necessary one as has been 

t 
UJ tr Ο 

t 
δ 
a. υ ζ 
UJ 
UJ 
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Fig. 2. Schemat ic phase diagram (top), and corresponding 

free energy diagram at temperature T i (bottom), 

i l lustrat ing the const ruct ion of the To- l ines for 

the pr imary solut ions and the intermetal l ic com-

pounds. In the compos i t ion range x '—x" (dashed), 

on ly glass fo rmat ion is possible under condi t ions 

of partit ionless sol id i f icat ion. The numbers cor-

respond to the same compos i t ions in the top and 

bo t tom diagrams. 

claimed by some authors /9, 10/. To formulate 
the glass-forming criterion more strictly, it is ne-
cessary to consider also the kinetics of partitionless 
crystallization. 

As discussed in a number of previous papers 
/ l l , 12/, the crystal growth velocity, u, can be 
written as: 

AGC 
u = fkX [1 — exp( - ) ] (1) 

RTj 

where: 
k: atom jump frequency across the crystal-melt 

interface; 
f: fraction of interface sites that can incorporate 

a new atom; 
AGC: difference in molar free energy between 

crystal and melt (driving free energy, taken 
positive for undercooling); 

Tj: interface temperature. 
If Tj is not too far below T m , so that the dif-

ference in molar entropy between crystal and melt, 
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AS C , can be considered constant with temperature, 
the driving free energy can be written as: 

AGC = A S c ( T m - Τ ; ) (2) 

For small AGC , the exponential in equation (1) 
can be expanded and linearized: 

u = fkX 
AGC 

RTj 

or, with equation (2): 

ASC T m - Tj 

(3) 

u = fkX 
R Tj 

(4) 

where, for metals, f = 1 and S c = R. 
The crystal growth rate is also determined by 

the rate at which the latent heat of crystallization, 
AHC per mole, can be removed. The heat flux cor-
responding to a velocity u is: 

Q = 
uAH c 

V 
(5) 

where V is the molar volume. 
Since this heat must be removed through con-

duction down the temperature gradient at the inter-
face, V,T, this flux is also: 

Q = kVJ Τ (6) 

where the κ is the thermal conductivity. 
Combining equations (5) and (6) allows definition 

of a heat flow limited velocity: 

k V V j T 

ΔΗ.. 
(7) 

Table 1 lists typical values of u h for Fe, under both 
laser quenching and melt spinning conditions, using 
the tabulated value of the temperature gradient 
for VjT. That u h and u T have similar values is a 
direct result of ASC and the molar specific heat, 
C, being of the same order of magnitude. 

Since the crystal growth velocity in equations 
(4) and (7) must be the same, they can be combined 
for metals as: 

hL 
kX 

T m - Tj 

Ti 
(8) 

In conventional solidification, the interface kinetics 
are much faster than the rate of heat removal, so 
that: uth < kX, and T, is close to T m . The growth 
is said to be heat flow-limited. In laser quenching, 
depending on the nature of the interface rearrange-
ments ( to be discussed below), the rate of heat 
removal, due to the very steep gradient, can be 
much faster than the crystal growth kinetics, so 
that u th > kX, and Tj < T m . The growth is said 
to be interface-limited. At such large undercoolings, 
metastable phases and glasses can be formed. 

The value of kX is determined by the nature 
of the atomic rearrangements necessary to advance 
the crystal-melt interface. In pure metals, dilute 
alloys, or crystalline compounds with a simple 
structure, k can be taken as the thermal vibration 
frequency. The maximum growth velocity u m a x > c 

= kX can then be taken as the speed of sound, u s , 
in the liquid. This is the collision-controlled re-
gime, which is treated in more detail in another 
paper in this chapter /6/ . Suffice it to point out 
here that, even in picosecond laser quenching, under 
the conditions of Table 1, u m a x < u T , u h , which 
makes this type of growth difficult to suppress. 

In more concentrated alloys, or compounds 
with a more complicated crystal structure, which 
require changes in nearest neighbors upon crystal-
lization, k is a diffusive jump frequency, and can 
be taken as D/X2 . The maximum growth velocity 
in this diffusion-controlled regime is u r n a x j ) = 
D/X, which is on the order of 10 m/s. Table 1 shows 
that for picosecond laser quenching, u m a x 0 < 
u T , u h , so that this type of growth can easily be 
suppressed. It follows then from equation (8) that 
Tj must fall far below T m , and that glass formation 
becomes possible. It should also be noted here 
that the temperature dependence of the liquid 
diffusivity has a Fulcher-Vogel form Dg = D0 exp [B/ 
(T - T 0 ) ] , which makes Dg, and hence k, become 
negligibly small in the vicinity of T0 (i.e., around 
Tg) /13/ . 

Although the partitionless growth of intermetallic 
compounds occurs, by definition, without long-range 
diffusional transport, the growth can still be dif-
fusion-controlled if a drastic rearrangement of 
the nearest neighbor environment is required to 
transform the liquid structure into the crystalline 
one. This is the case if the crystalline unit cell is 
large, or if long-range chemical order must be es-
tablished. In the example of Figure 2, if the forma-
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3 0 picosecond laser pulse 

, t 

original modulated film 

W \ \ \ 
Cu substrate 

\\\\\ 
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Fig. 3. Schemat ic diagram, drawn to a variable scale, of a mult i layer f i lm after i rradiat ion w i th a 30 ps laser pulse wi th a 

Gaussian intensity profi le. F r om /25/. 

tion of the compounds β and γ is diffusion-con-
trolled, even below their respective T0-l ine, their 
formation is suppressed in picosecond laser quenching 
and the intersections of the T0 Qlg and T 0 g g lines 
with the Tg-line can be used to define a new glass 
formation range. 

This criterion, however, can still be extended, 
since in many systems glasses can be formed far 
below the T0 -lines of the primary solid solutions. 
Several examples will be discussed below. Again, 
partitionless formation of the primary solid solu-
tions can be diffusion-controlled, and hence sup-
pressed by picosecond pulsed laser quenching, if 
the change in short-range order between liquid 
and crystal is considerable. 

4. E X P E R I M E N T A L A S P E C T S 

The short lifetime of the melt ( r = 1 ns) creates 
a special problem in obtaining a homogeneous melt, 
which is necessary for systematic studies of phase 
formation. The mixing length in the liquid, (DgTj'/2, 
is only 3 nm. The alloy components must therefore 
be mixed on this scale in the starting sample. This 
can be accomplished in a number of ways, such 
as ion implantation, co-evaporation, or deposition 
of multilayers. The latter method is a particularly 
convenient one that has been used for all the ex-

periments discussed below. A typical sample geo-
metry is drawn in Figure 3. The Al film is evaporated 
onto the Cu substrate. The multilayer is produced 
by alternate sputter deposition of the elemental 
metals, or a metal and an alloy, from two targets 
/14, 16/. The average film composition can be varied 
conveniently by changing the thickness ratio of 
the layers. By keeping the repeat length of the 
multilayers below 3 nm, homogenization is achieved 
upon melting. This was checked experimentally 
on a Cu-Ag alloy from a Cu/Ag multilayer /7, 8/. 
As expected, a metastable fee solid solution was 
formed, which had a single lattice parameter, cor-
responding to the average composition of the film. 
No evidence ofquenched-in homogeneity was found. 

After irradiation, the samples can easily be re-
moved from the substrate by dissolving the Al in 
NaOH. Note that Al is also a good material for 
a heat sink. Since the films are only 100 nm thick 
( ~ melt depth), they can be investigated by electron 
microscopy without further thinning. 

The reproducibility of the laser system used 
in the experiments discussed below was insufficient 
to pre-set the fluence levels predictably. Therefore, 
on each sample, a series of irradiations were made 
at different fluence levels. Subsequent investigation 
was then done on those spots that had a small hole 
(a few μιη) at their center, due to "splashing" in-
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duced by the most intense part of the Gaussian 
beam. These spots were known to have received 
a fluence large enough to induce melting, and still 
had a large amount of material available for study. 

5. SURVEY OF RESULTS 

5.1. Fe-B 

This system has been studied in the 12—28 at.% 
Β range /2, 17-19/. The starting samples consisted 
of multi-layered α - F e and amorphous Fe3B. It 
was found that alloys containing a minimum of 
5 at.% Β were amorphous after picosecond laser 
quenching. Below 5 at.% B, the solidification product 
was a Fe(B) bcc interstitial solution. The 4 at.% 
alloy showed a small amount of amorphous material 
near the top surface of the film /19/ ; it was distri-
buted in a morphology characteristic of an inter-
facial instability, which could have become possible 
at the last stage of the solidification when the crystal 
growth velocity decreases considerably /20/ . The 
redistribution of the Β associated with the instability 
could then have led to glass formation in the B-rich 
regions. 

The T 0 - l ine for the ß bcc transformation 
can be calculated fairly accurately from the phase 
diagram using simple regular solution theory /2, 8/. 
The result is shown in Figure 4, and is in agreement 

with the observation that Fe-B glasses with less 
than 18 at.% Β crystallize into the bcc Fe(B) so-
lution upon heating /21/ . The crystallization tem-
perature for an 18 at.% Β glass is 660 K, which cor-
responds to 16 at.% Β on the T 0 - l ine . 

The Fe-B glasses clearly form far below the 
T 0 - l ine (T0 - Tg is 700 Κ for a 5 at.% Β alloy). 
As explained above, the growth of the competing 
bcc phase must therefore be diffusion-controlled 
in alloys with more than 5 at.% B. Given that the 
nearest neighbor environment of a B-atom in a 
Fe-B glass consists of nine Fe atoms in a trigonal 
prismatic arrangement /22/ , which is very different 
f rom the nearest neighbor environment of an inter-
stitial Β in the bcc Fe(B) solution, this diffusional 
control is to be expected. The glass-forming limit 
of 5 at.% Β suggests that each Β atom forms a cluster 
of about 19 Fe atoms (i.e., one and one-half co-
ordination shells) around it that must be rearranged 
upon crystallization. The rest of the Fe atoms behave 
as in pure Fe, and make collisional jumps. The 
maximum velocity in equation (1) can then be 
written as (2): 

f k X = ( 2 0 x B ) ^ - + ( 1 - 2 0 X B ) U S 

for x B < 0.05 

= D β / λ for x B > 0.05 (9) 

where x B is the atom fraction of B. 
Using a temperature dependence for the dif-

fusivity: 

DC = 1.4 Χ Ι Ο " 8 exp [ J m V 
* Τ - 581 

(10) 

obtained by fitting liquid and glass transport data, 
and a driving free energy: 

AGC = (x , , e AS C i K e + x B A S c B ) ( T - TO) 

(Π) 

with AS^pe = 7.6 J K. 1 mole"1 and AS c B = 21.8 
J K " ' mole" 1 , the crystal growth velocity could 
be calculated as a function of composition and 
temperature. The results are shown in Figures 4 
and 5. Note that crystallization is driven by the 
undercooling below T 0 , not below the liquids tem-
perature. Figure 5 shows clearly that the isotherm 

at.% Β 

Fig. 4: The Fe-B phase diagram, showing the Toline for the 
liquid -*• bcc transition. The contours represent the 
bcc crystal growth speed (in m s ') as a function of 
composition and interface temperature, calculated 
from the model explained in the text. From (2). 
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TIK) 

Fig. 5: Growth velocity of the bcc crystal as a function of 

interface temperature for four composition in the 

Fe-B system. From (2). 

velocity in picosecond laser quenching is large enough 
to prevent crystal growth in a 5 at.% Β alloy, but 
not in a 4 at.% alloy. It is interesting that the simple 
estimates of Table 1 can also account for the mi-
nimum of 12 at.% Β necessary in melt spinning to 
obtain a glass /21,23, 24/. 

5.2. Ni-Nb 

This system has been studied over the entire 
composition range /25/. The starting materials 
were multilayers of the elemental metals. As il-
lustrated on Figure 6, a glass was obtained by pico-
second laser quenching in the range 23—82 at.% 
Ni. This range exceeds that for splat quenching 
1261 ΙΟ10 Κ s_ 1 /27, 28/)and for RF sputtering 
of homogeneous films /29/. It is interesting that 
the cooling rate in the latter process is estimated 
at about 1013 Ks" 1 /30/, similar to that for laser 
quenching. None of the intermetallic compounds, 
the μ-phase or the Ni3Nb phase, were formed even 
if the melt composition was close. This indicates 
that their growth is diffusion-controlled, which 
is to be expected for the size of their unit cell and 
degree of order. 

The T0-lines for the primary solutions on Figure 
6 have been calculated from the phase diagram 
using simple regular solution theory. In this system 
also, glasses are formed far below the T0-line (Tg 

~ 940 Κ /34/). A mechanism similar to that dis-
cussed for Fe-B probably also makes growth of 
these supersaturated primary solutions diffusion-
controlled. That the minimum amount of solute 
required for glass formation is greater here than 
for Fe-B may reflect the lesser interaction, and 

~TQ 

] SPLAT QUENCHING 

^ R . F . SPUTTERING 

IPS LASER 
I QUENCHING 

Fig. 6: Equilibrium phase diagram for the Ni-Nb system, 

with calculated Tg-lines.Tg indicates the approximate 

crystallization temperature of nearly equiatomic 

amorphous alloys (34). The glass-forming ranges for 

splat quenching (28), R F sputtering (29) and pico-

second laser quenching (25) are indicated. Fine 

hatching: fully amorphous; coarse hatching: mixed 

amorphous and crystalline; dashed hatching indicates 

that the glass formation limits for picosecond laser 

quenching are between the surrounding vertical lines. 

F rom (25). 

hence smaller cluster size, in metal-metal alloys 
than in metal-metalloid alloys. 

Below 18 at.% Ni supersaturated bcc solutions 
were formed. Above 89 at.% Ni supersaturated 
fee solutions, containing many twins and stacking 
faults, were formed. The defect density increased 
with Nb content, probably due to a lowering of 
the stacking fault energy. Growth twins are also 
formed in the regrowth of silicon (fee) from the 
melt following a laser pulse, at growth velocities 
intermediate between those of the perfect crystal 
and the amorphous phase /31/. 

5.3. Mo-Ni 

Glasses were formed, for the first time by melt 
quenching, in alloys with 30, 50 and 60 at.% Ni 
/32/. The 50 at.% Ni alloy corresponds to an inter-
metallic compound in equilibrium (δ-phase). Due 
to its large unit cell (56 atoms Frank-Kasper phase), 
it is not formed in picosecond laser quenching. 
The other two glasses again formed far below the 
T0-line. 
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5.4. Mo-Co 

A 45 at.% Co alloy was quenched to a glass for 
the first time by this method /32/. The e-phase, 
at the same composition, is not formed. 

5.5. Nb-Co 

A glass was formed at 40 at.% Nb /32/. The 
7-phase is not formed, even though glass formation 
probably occurred below the T0 yg line. 

5.6. Ag-Cu 

A disordered fee phase was formed upon quench-
ing of 35, 50 and 65 at.% Ag alloys /7/. This is 
to be expected, since the crystallization kinetics 
of a disordered fee crystal are no different from 
those of a pure fee crystal, which are known to 
be collision-controlled, and hence difficult to sup-
press. Note that the T0-line reaches across the 
phase diagram of Figure 7, so that crystallization 
of the fee phase is the dominating process at all 
compositions. 

5.7. Cu-Co 

A disordered fee phase was formed at 50 at.% 
Co /7/. Again, the T0-line for this phase spans the 
phase diagram. 

Fig. 7: Ag-Cu equilibrium phase diagram. The Torline has 
been calculated using the regular solution model. 
From (8). 

5.8. Nb-Si 

A fee phase was formed in the composition 
range 10-27 at.% Si /33/. So far, this phase had 
only been prepared at 22 at.% Si by shock com-
pression. 
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